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The objective of this work is to present a brief overview of a probabilistic design
methodology for brittle structures, review the literature for evidence of probabilistic
behavior in the mechanical properties of MEMS (especially strength), and to investigate
whether evidence exists that a probabilistic Weibull effect exists at the structural
microscale. Since many MEMS devices are fabricated from brittle materials, that raises the
question whether these miniature structures behave similar to bulk ceramics. For bulk
ceramics, the term Weibull effect is used to indicate that significant scatter in fracture
strength exists, hence requiring probabilistic rather than deterministic treatment. In
addition, the material’s strength behavior can be described in terms of the Weakest Link
Theory (WLT) leading to strength dependence on the component’s size (average strength
decreases as size increases), and geometry/loading configuration (stress distribution). Test
methods used to assess the mechanical properties of MEMS, especially strength, are
reviewed. Four materials commonly used to fabricate MEMS devices are reviewed in this
report. These materials are polysilicon, single crystal silicon (SCS), silicon nitride, and
silicon carbide. C© 2003 Kluwer Academic Publishers

1. Overview of probabilistic design
methodology for brittle materials

MEMS technology, which can integrate sensors, actu-
ators, and electronics on the same silicon chip, can be
used in such applications as sensors to detect ice on air-
plane wings, flexible heat flux sensors capable of deter-
mining heat flux at multiple locations on a turbine blade
[1], arrays of microcilia actuators used in docking sys-
tems for small spacecrafts such as miniature satellites
[2], microjet actuators for turbine combustion appli-
cations, micro-power generators, and distributed net-
works of acoustic, pressure, and temperature sensors
for unmanned aerial vehicle (UAV) situational aware-
ness. Other very popular MEMS applications include
accelerometers to deploy air bags, pressure sensors in
“smart” tires, and Digital Micromirror Devices (DMD)
used in the digital projection arena.

MEMS devices are typically made from brittle ma-
terials such as silicon. The mechanical properties and
inherent defects of such microdevices can vary sig-
nificantly as a function of the processing conditions.
For deposited films, small changes in the deposition
temperature, pressure and gas flow rates can induce

changes in the number of point defects, dislocations,
grain boundaries and thermal mismatches between the
as-deposited film and substrate, which, in turn can effect
the crystallinity, elastic modulus, and residual stress.
The fracture strength of MEMS devices is also affected
by surface defects and resultant surface roughness from
the manufacturing process. Such variability can directly
impact the failure modes and in turn the reliability of
MEMS devices. Therefore, a consistent probabilistic
methodology for assessing the mechanical reliability
of brittle MEMS structures is needed.

When using brittle materials in structural applica-
tions, a penalty is paid in that these materials typically
exhibit low fracture toughness. This inherent undesir-
able property must be considered when designing com-
ponents. Lack of ductility (i.e., lack of fracture tough-
ness) leads to low strain tolerance and large variations
in observed fracture strength. When a load is applied,
the absence of significant plastic deformation or micro-
cracking causes large stress concentrations to occur at
microscopic flaws. These flaws are unavoidably present
as a result of fabrication or in-service environmental
factors.
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Traditional material failure analyses employing a de-
terministic approach, where failure is assumed to occur
when some allowable stress level or equivalent stress
is exceeded, are not adequate for brittle material com-
ponent design. Such phenomenological failure theories
are reasonably successful when applied to ductile mate-
rials. However, since analysis of failure in ceramic com-
ponents is governed by the observed scatter in strength,
statistical design approaches must be used to accurately
reflect the stochastic physical phenomena that deter-
mine material fracture response. Accounting for these
phenomena requires a change in philosophy on the de-
sign engineer’s part that leads to a reduced focus on
the use of safety factors in favor of reliability analyses.
However, the reliability approach demands that the de-
sign engineer must tolerate a finite risk of unacceptable
performance. This risk of unacceptable performance is
identified as a component’s probability of failure (or
alternatively, component reliability). The primary con-
cern of the engineer is to minimize this risk in an eco-
nomical manner.

Probabilistic component design involves predicting
the probability of failure for a thermomechanically
and/or electrostatically loaded component from sim-
ple specimen strength data. Typically these experiments
are performed using many geometrically simple flex-
ural or tensile test specimens. A static, dynamic, or
cyclic load is applied to each specimen until fracture.
Statistical strength and fatigue parameters are then de-
termined from these data. Using these statistical pa-
rameters, a probabilistic reliability model, and the re-
sults (i.e., stress and temperature distributions) obtained
from a finite element analysis, the probability of failure
for a component with complex geometry and loading
can be predicted.

Designing brittle components, including MEMS, to
survive in severe loading applications involves the dis-
ciplines of statistics and fracture mechanics. Successful
application of advanced ceramics depends on proper
characterization of material properties and the use of
a probabilistic brittle material design methodology.
The NASA CARES/Life integrated design software [3]
combines multidisciplinary research—in the areas of
fracture analysis, probabilistic modeling, and brittle
structure design—to determine the failure probability
of monolithic ceramic components. The CARES/Life
software describes the probabilistic nature of mate-
rial strength using the Weibull cumulative distribution
function [4]. For uniaxially stressed components the
2-parameter Weibull distribution for surface residing
flaws describes the component failure probability, Pf, as

Pf = 1 − exp

[
− 1

σ m
0

∫
A
σ (x, y, z)m dA

]
(1)

where A is the surface area, σ (x, y, z) is the uniaxial
stress at a point location on the body surface, and m
and σ0 are the Weibull modulus and scale parameter
of the Weibull distribution, respectively. The Weibull
modulus is a measure of the dispersion of strength
while the scale parameter is the strength of a unit
area of material at 63.21% probability of failure. An

analogous equation based on volume can be shown
for flaws residing within the body of the component.
The Weibull equation is based on the weakest-link
theory (WLT). The WLT assumes that the structure
is analogous to a chain with many links. Each link
may have a different limiting strength. When a load is
applied to the structure such that the weakest link fails,
then the structure fails. The effect of multiaxial stresses
on reliability is predicted by using either the principle
of independent action (PIA), [5, 6] the Weibull normal
stress averaging method (NSA), [7] or the Batdorf
theory [8, 9]. For the PIA model the reliability of a
component under multiaxial stresses is the product of
the reliability of the individual principal stresses acting
independently, which for surface distributed flaws is

Pf = 1 − exp

[
− 1

σ m
0

∫
A

2∑
i=1

σi (x, y, z)m dA

]
(2)

where i is the individual principal stress component.
The NSA method involves the integration and aver-
aging of tensile normal stress components evaluated
about all possible orientations and locations. This
approach is a special case of the more general Batdorf
theory and assumes the material to be shear insensi-
tive. The Batdorf theory combines the weakest link
theory and linear elastic fracture mechanics (LEFM).
Conventional fracture mechanics analysis requires that
both the size of the critical crack and its orientation
relative to the applied loads determine the fracture
stress. The Batdorf theory includes the calculation of
the combined probability of the critical flaw being
within a certain size range and being located and
oriented so that it may cause fracture. The probability
of failure for a ceramic component using the Batdorf
model for surface flaws can be expressed as

Pf = 1−exp

[
−kB

π

∫
A

∫ π

0

{
σIeqcmax

(ω)
}m

dα dA

]
(3)

where A is the surface area, ω is the arc length of
an angle α projected onto a unit radius semi-circle
in principal stress space containing all of the crack
orientations for which the effective stress is greater
than or equal to the critical crack propagation stress,
kB and m are the Weibull parameters describing the
material, and σIeqcmax

is far-field equivalent maximum
normal stress. Equation 3 can be shown to reduce to a
simple 2-parameter Weibull distribution.

2. Mechanical test methods for thin film
microspecimens

It is necessary to evaluate the mechanical properties at
the same microscale level as the MEMS devices in order
to reliably design them and predict their performance.
In general, microspecimens used to evaluate the me-
chanical properties of MEMS are similar to macrospec-
imens used to evaluate the bulk mechanical properties
of materials. However, testing at the microscale present
significant new challenges such as gripping and measur-
ing the mechanical response for these microspecimens.
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Figure 1 Tensile testing using electrostatic force grip [10, 11].

Bulk material properties do not extrapolate to the mi-
croscale level because of the increase of surface to
volume ratio, and presence of intrinsic stresses (lattice
and thermal mismatch stresses) due to fabrication tech-
niques. A brief review of the most popular test methods
used by investigators to characterize the micromechan-
ical behavior of thin films follows.

2.1. Tensile specimen testing
The tensile test is a well-known and popular technique
for evaluating the mechanical properties of bulk materi-
als. The load-deflection diagram can be used to directly
extract important properties such as fracture strength,
elastic modulus, and ductility. When transverse strain
is measured, then Poisson’s ratio can also be computed.
Hence, it is no wonder that the tensile specimen is also
used to evaluate the mechanical properties of thin films
at the microscale level. Several microtensile techniques
exist for mounting and extracting relevant data. Some
of these techniques will briefly be presented next. For
further information, the reader should consult the rele-
vant references.

Tsuchiya and coworkers [10, 11] at Toyota developed
a tensile tester based on electrostatic-force gripping sys-
tem (Fig. 1). The tester was constructed within a Scan-
ning Electron Microscope (SEM) chamber for in situ
observation. Tensile specimens with lengths between

Figure 2 SEM image of the Johns Hopkins test specimen (2a), and a Schematic representation of the test setup (2b).

30 to 1000 µm, and widths between 2 to 20 µm were
tested [11–13]. In their setup, the specimen is fabricated
on a silicon wafer with one large free end and one end
attached to the silicon substrate. The free end of the
specimen is fixed to a flat probe by electrostatic force,
which is controlled through the applied voltage. Subse-
quently, a tensile force is applied to the specimen until it
fractures. Friction force holds the surfaces of the probe
and the specimen together. The applied tensile force is
monitored with a strain gauge at the probe, while the
displacement is measured with a strain gauge located
on the precise stage where the specimen is placed.

At Johns Hopkins University, Sharpe and cowork-
ers developed a microtensile test technique that is also
based on electrostatic gripping [14–16]. Fig. 2 shows
the tensile specimen and a schematic representation
of the test setup. In their technique, a die (1 cm2)
containing 16 microtensile specimens was glued to a
mount, which was attached to a five-axis piezoelec-
tric stage. The large paddle free ends of the speci-
mens were gripped with an electrostatic probe. The
probe is brought close to the specimen and when the
power supply is turned on, the paddle is attracted to it.
Subsequently, the five-axis piezoelectric stage is used
to position the specimen relative to the probe. A single-
axis piezoelectric stage is used to pull the specimen, and
a capacitance-based displacement probe measures the
overall displacement of the system. The fracture stress
and the modulus of narrow specimens could then be de-
termined from the force-displacement data. Wide speci-
mens lend themselves to direct strain measurement via
laser interferometery. This is done by depositing two
closely spaced reflective gage markers on the specimen
and using the laser to correlate strain to interference
fringes.

At Sandia National Lab, a pull-tab tensile specimen
[17–19], shown in Fig. 3, is used to characterize the ten-
sile strength and elastic modulus of thin films. The
specimen has a freely moving pivot and a pull-tab. The
specimen’s gage length, which can vary between 15 and
1000 µm, connects the pull-tab and the pivot together.
Because earlier generation specimens failed outside the
gage length, recent generation samples were redesigned
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Figure 3 Sandia National Lab pull-tab microtensile specimen (latest design generation).

to have larger fillet radii and more robust pivots. Testing
involves engaging the pull-tab end of the sample with
a 35 µm diameter flat-tipped diamond nanoindentor
[19]. The tip is centered within the pull-tab and pulled
to apply the tensile force. Data acquisition system is
used to record the force-displacement data, which sub-
sequently is used to compute the stress-strain response.
This test technique has a load accuracy of ±50 µN,
displacement accuracy of ±50 µm, and can be used to
test 20–30 samples per day.

In Sweden, Greek and coworkers [20, 21] devised a
similar specimen configuration to that used at Sandia
where a probe is inserted in the ring at one end of the
tensile specimen and pulled. The testing unit consists
of an arm with a probe, a voltage-driven piezoelec-
tric actuator and a strain gauge force sensor. The strain
gauges are made from silicon. This test has the added
advantage of being performed in situ within a SEM. A
computer-based control and data acquisition system is
used to slowly raise the voltage applied to the actuator,
while sampling amplified signals from the force sensor.
After fracture the specimen’s cross section is measured
by SEM and the tensile strength is computed.

Other microtensile test set-ups were also developed
and presented in the literature. These include the on-
chip tensile test developed by Ando et al. [22], and the
microtensile test using magnetic-solenoid force actua-
tor developed by Ding et al. [23].

2.2. Beam specimen testing
Investigators characterizing the micromechanical prop-
erties of thin films have also used beam testing, and
specifically the cantilever beam configuration. Like the
tensile specimen, a uniaxial but not uniform stress state
exists in a bent beam, hence allowing for simple and
effective means for studying the mechanical behavior
of materials. Because the maximum stress occurs at
the beam’s surface, this specimen configuration permits
characterization of the material’s surface flaws where

failure is likely to initiate. Another advantage to the
beam test configuration, compared to other structures
that tend to shatter upon fracture, is that the location and
mode of failure is preserved. Even tensile specimens,
especially long ones, tend to shatter at the moment of
failure making discerning the failure mode and loca-
tion impossible to determine. For reliability analysis
purposes it is important to determine the location and
cause of failure.

Wilson et al. [24, 25], at Hewlett Packard labora-
tories, used microcantilever beams to characterize the
strength and elastic modulus of single crystal silicon
(SCS). In their facility, arrays of cantilever beams were
fabricated using bulk micromachining on {100} silicon
wafers. Depending on the fabrication method, beams
can be aligned along desired crystallographic direc-
tions. Wilson et al. fabricated their microcantilever
beams along the 〈100〉 direction. Reactive ion etch-
ing was used for the topside to define the length and
width of the beam, while anisotropic etching (KOH)
was applied to the bottom side to define the beam thick-
ness. These double-sided etching procedures yielded
arrays of cantilever beams suspended in cavities pene-
trating the total wafer thickness. The beams produced
all had the same width of 200 µm, lengths varying from
350 to 750 µm, and thicknesses from 16 to 30 µm. To
test a microcantilever beam on a wafer, the load pin is
brought close to the beam using the micrometer above
the force transducer. Subsequently the wafer is dis-
placed upward causing the beam to deflect downward.
The magnitude of the force is measured with a force
transducer, while the displacement is measured using a
micro-displacement gauge. Using this test method, the
load-deflection curve and fracture force are obtained for
each beam tested. Wilson et al. subsequently simulated
the test configuration using FEA, taking into account
anisotropy, to compute the fracture stresses correspond-
ing to the measured fracture forces.

Johansson et al. [26], at Uppsala University in
Sweden, fracture tested SCS microcantilever beams
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in situ in a SEM. Beams of various sizes and ori-
entations (〈100〉 and 〈110〉) were fabricated on {100}
wafers. The SEM is well suited for monitoring the in-
strumentation before, and after testing. It also enables
the application of loads under well-controlled condi-
tions. In addition, the resulting fractures can be directly
studied in vacuum, without extra handling. The sil-
icon cantilever beams were manufactured using two
different micromachining techniques; one producing
rounded corners and the other sharp corners. The cen-
tral component of the in situ equipment is an X-Y table
in which the specimen is fixed. The specimen table can
be moved sideways for lateral positioning. The normal
force is applied by means of a stylus positioned at the
end of a lever, and is measured by a strain gauge adhered
to the lever. Johansson et al. used simple beam theory
to compute the fracture stresses. Ericson and Schweitz
[27] also used this same in situ testing technique to
characterize the mechanical properties of SCS.

Jones et al. [28] devised a microcantilever test
methodology and applied it to characterize polysilicon.
The structure used in their work allows a large num-
ber of specimens to be tested to failure in a reasonable
time. However, their test device does not provide a di-
rect determination of fracture stress. Rather, the strain at
failure is determined, from which the associated stress
can be computed using the elastic modulus. The central
element of Jones et al.’s test setup is a shuttle tethered to
the substrate by a folded flexure. Attached to the shuttle
is an array of cantilever beams that are bent as the shuttle
is displaced in-plane by a probe at a rate of 0.05 µm/s.
The beams at first displace rigidly with the shuttle until
they encounter contact pads anchored near their free
tips. As each beam breaks, the end displacement is de-
termined from a video image of the structure. Nonlinear
beam theory (because of the large deflection), includ-
ing the compliance of the beam support, is then used to
calculate the state of strain in the beam as a function of
its tip deflection.

2.3. Bulge specimen testing
The bulge test is one of the first techniques developed
for the study of thin films. Beams et al. [29] developed
the test in 1959. In this method, pressure is applied to
a thin film and the deflection is measured as a func-
tion of pressure. Using equations relating pressure to
deflection, the elastic modulus and residual stress can
be computed. In addition, the bulge test can be used to
compute the fracture stress and Poisson’s ratio for thin
film materials. In general, conventional bulge test spec-
imens are circular membranes. However, rectangular
and square geometry have also been tested extensively.

Beams [29], assuming that a circular pressurized thin
film would take the shape of a spherical cap, derived an
expression relating pressure to deflection. Small et al.
[30] derived a similar expression basing their technique
on energy minimization, while Pan et al. [31] used FEA
to further analyze and verify the test set up.

According to Mitchell [32], fabrication of circular
geometries onto a silicon substrate using bulk microma-
chining techniques is expensive and hard to accomplish.
On the other hand, a square suspended film can be eas-

ily fabricated using an anisotrpoic etchant such as KOH
by micromachining a cavity into the substrate. Sev-
eral investigators have modeled the behavior of square
films subjected to uniform pressure. Timoshenko [33]
provided such analysis for deflecting membranes, but
his plots do not provide solutions for diaphragms with
very large aspect ratios needed to analyze MEMS mem-
branes. Allen et al. [34], using energy minimization
technique derived a model describing the relation be-
tween pressure and deflection for square membranes.
Subsequently, Pan et al. [31], using FEA, provided a
correction to Allen’s model. Other investigators, such
as Vlassak, et al. [35] and Maier-Schneider et al. [36]
corroborated Pan’s analysis.

Other tests exist for characterizing other mechanical
properties, such as the elastic modulus, fracture tough-
ness, and hardness for microspecimens. The resonance
frequency method can be applied to compute the elas-
tic modulus. Dynamic methods such as the vibrating
membrane technique [37] and the vibrating cantilever
technique [38] have been applied to evaluate the elastic
modulus of thin films. To characterize the hardness and
fracture toughness of thin films, the nanoindentation
technique [39, 40] is used. Finally, the wafer curva-
ture technique [41, 42] is one of the simplest and most
widely used test procedures for determining the resid-
ual stresses in thin films.

3. Mechanical behavior of polysilicon
Polysilicon is used in fabricating semiconductor and
thin MEMS devices, and it is the most widely used
material for such applications. The microstructure of
polysilicon depends on deposition conditions [1, 20,
43–47]. When chemical vapor deposition takes place
below about 580◦C, the deposited polysilicon films
are amorphous while above 580◦C the films are poly-
crystalline. These films display fine grain structure if
deposited above 600◦C, and well defined columnar
grain structure perpendicular to the plane of the film
if deposited above 625◦C. Grain orientation is predom-
inantly {110} when films are deposited between 600–
650◦C, while displaying {100} orientation when de-
posited between 650 and 700◦C. Doping, oxidation, and
high temperatures can cause the grains to grow which
leads to increased surface roughness. The polysilicon
grains generally have a grain size distribution in the
order of 0.2 to 0.5 microns.

Currently, polysilicon is the most widely used ma-
terial for MEMS fabrication. Several reasons exist for
this utilization [18]:

1. Processing of polysilicon is fully compatible with
standard IC fabrication techniques.

2. Residual and gradient stresses can be reduced to
near zero.

3. Multiple layers of silicon can be deposited and
bonded, allowing for fabrication of complex parts.

4. Chemical vapor deposition of polysilicon allows
for high conformity, and uniform coating.

5. Polysilicon possesses excellent mechanical prop-
erties such as resistance to creep and slow crack growth.
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3.1. Polysilicon strength and Weibull effect
The objective of this section is to survey the literature
for evidence of a Weibull effect in polysilicon films.
Furthermore, whether or not the elastic modulus, E ,
displays any size dependence will also be addressed.

Sharpe et al. [16, 48–50] developed tensile test tech-
niques capable of measuring the mechanical proper-
ties (Young’s modulus, strength and Poisson’s ratio)
for thin-film materials. In reference [16], Sharpe et al.
tested tensile polysilicon specimens with various sizes
to determine whether the microstructure, elastic mod-
ulus, and fracture strength of these MEMS specimens
display size dependence. All specimens were from the
same run and had thicknesses of 1.5, 2.0, and 3.5 µm.
These tensile specimens were 6, 20, and 600 µm wide,
and 250, 1000, and 4000 µm long. Sharpe found that
the elastic modulus (as expected) and the microstruc-
ture displayed no size dependence. The elastic modulus
[50] remained constant (see Table I) even when four dif-
ferent polysilicons from three different suppliers were
tested.

However, The strength did display significant
strength scatter and size dependence [16]. Since several
specimen sizes, with only few specimens per configu-
ration were tested in [16], we have conducted a pooled
Weibull analysis on the data to extract the material’s
Weibull parameters. Pooled Weibull analysis combines
all specimen strength data, taking into account the size
and geometry difference among tested specimens, and
computes a single set of Weibull parameters for that
material (the Weibull modulus, m, and the scale pa-
rameter, σ0). The advantage of this method is that by
combining all the strength data into one large data set,
we obtain a more accurate statistical estimate for the
material’s Weibull parameters.

In Sharpe’s tensile strength data, thick specimens re-
fer to the 3.5 µm thick specimens, while thin refer to
both the 1.5 and 2 µm specimens. Narrow specimens re-
fer to both the 6 and 20 µm wide specimens, while wide
refer to the 600 µm wide specimens. Based on the data
and fabrication process [16], there is a clear difference
between the thin and thick specimens as far as strength
is concerned. Hence, they are statistically different and
should be treated separately. Table II lists the vari-
ous tensile specimen dimensions and the corresponding
number of specimens tested. Pooled Weibull analysis
yielded a Weibull modulus m = 9.4 for the thin speci-
mens (eight different specimen sizes), and an m = 30.6
for all thick specimens (five different specimen sizes).
The pooled scale parameters were 4.6 GPa·µm3/m for
the thin narrow specimens and 2.1 GPa·µm3/m for the
thick specimens.

Assuming that experimental error is at reasonable
levels, the large scatter measured in the strength data
for polysilicon requires that a probabilistic treatment
be used. Since Weibull statistics have traditionally been
used to describe strength in bulk ceramics, the question
then becomes, is there a size effect in these MEMS ten-
sile specimens? And can we predict that effect using
Weibull statistics in a manner similar to bulk ceramics?
To begin addressing these questions we’ll examine the
evidence beginning with [16]. From the data in [16]

the thin and thick specimens are treated separately. As
stated above there are eight thin narrow specimen sets
(with number of specimens tested ranging between 2
and 7 per set). The characteristic strength for each data
set (not withstanding the small number of specimens
tested for each) was determined individually. The char-
acteristic strength, σθ , is defined to be the stress at which
63.2% of the specimens fail. These measured values
are plotted in Fig. 4 as a function of the corresponding
specimen volume. Also plotted in that figure is a curve
fitting the predicted characteristic strengths for all thin
specimen sizes, using the characteristic strength of the
2 × 20 × 1000 µm specimen and the pooled Weibull
modulus. If a size effect obeying the Weibull theory
exists, then we should be able to predict the strength
of a given specimen, σ1, having effective area Ae1or
volume Ve1, knowing the strength of another specimen,
σ2, having effective area Ae2 or volume Ve2, using the
following equations,

σ1

σ2
=

(
Ae2

Ae1

)1/m

or
σ1

σ2
=

(
Ve2

Ve1

)1/m

(4)

The effective area or volume for a given component
is defined to be equal to the area or volume of a ten-
sile specimen subjected to uniform axial tensile stress
equal to the maximum effective stress in that compo-
nent. In a complex structure, the effective stress de-
pends on the multiaxial stress state, fracture criterion,
and flaw shape. In a uniaxial uniform tensile stress state,
the effective stress is equal to the applied tensile stress.
Results indicate that Equation 4 yielded predicted char-
acteristic strengths within 7% of the measured values
for five of the seven specimen configurations tested.
Note that the eighth data set (2 × 20 × 1000 µm speci-
men) is not used to assess the accuracy of the prediction
model since that data is used to calibrate or normalize
the curve relative to the other specimen sizes (see right
most data points in Fig. 4). The two specimen strengths
that were not predicted satisfactorily had only 3 data
points each and hence larger uncertainty as to the true
value of the characteristic strength exists. Please note
that for the specimen 1.5 × 20 × 1000 µm, the mean
strength was used since Weibull parameters could not

Figure 4 Measured and predicted characteristic strengths as a func-
tion of specimen size (volume) for narrow and thin tensile polysilicon
specimens.
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T ABL E I Mechanical properties of polysilicon

Reference/ Elastic Average Weibull
date Test modulus (Gpa) strength (Gpa) modulus Comments

Sharpe et al.
[16]/01

Tension 158 ± 10 1.52 ± 0.26a 9.4b Strength is mildly dependent on specimen surface area and
volume. Microstructure and E are independent of specimen
size.

30.6c

Sharpe et al.
[50]/00

Tension 158 ± 8 1.56 ± 0.25 Fabricated at Cronos
157 ± 6.5 3.09 ± 0.18 Fabricated at Sandia National Lab
164 ± 11.2 2.08 ± 0.35 Fabricated at Standard MEMS Inc.
152 ± 10 2.00 ± 0.25 Fabricated at Standard MEMS Inc.

Tsuchiya
et al.
[11]/98

Tension 163 2.0–2.8 5.3–6.9 Non-doped. Shown is strength and m range for various
specimen sizes. Strength is size dependent (length/side
area).

167 2.0–2.7 8.7–12.6

P-doped. Shown is strength and m range for various specimen
sizes. Strength is size dependent (length/side area).

Ding et al.
[23]/01

Tension 164 ± 1.2 1.24–1.53 10.4–11.7 Shown is strength and m range for various specimen sizes.
Strength is size dependent (surface area).

Jones et al.
[28]/01

Cantilever
beam

136d 2.7e 2%f 9.5–14.3 Specimen size variation was very small. Hence, no size
dependence was detected.

Greek et al.
[21]/97

Tension — 0.77 7 36 thick specimens (10 µm) tested.
0.57 11 21 thin specimens (2 µm) tested.

Greek et al.
[20]/99

Tension 162.7g

160–167h
1.25, 1.19,

1.08, 1.08
10.6, 11.7,

6.1, 11.5
The four strengths and Weibull moduli correspond to the 4

processing techniques. The specimens were 1000 µm long
and 10.5 µm thick.

Schweitz
et al.
[72]/99

Tension 172 ± 7 1.76 3 Specimen dimensions are 250 and 1000 µm long, and
10 × 10 µm2 cross section.

LaVan,
Tsuchiya,
and Coles
[12]/01

Tension 4.27 ± 0.61 8.4i 98 specimens tested by LaVan.
3.23 ± 0.25 15.5i 19 specimens tested by Tsuchiya.
2.85 ± 0.40 7.7i 28 specimens tested by Coles.

Glass et al.
[18]/00

Tension 170 2.2 ± 0.4 7.2 48 first generation specimens (L = 15 µm and 25 µm,
w = 2 µm, t = 2.5 µm)

4.3 ± 0.6 8.4 98 second generation conventionally released specimens
(L = range between 15 and 1000 mm, w = 2 µm,
t = 2.5 µm)

2.7 ± 0.6 5.0 50 second generation tungsten coated specimens (L = range
between 15 and 1000 mm, w = 2 µm, t = 2.5 µm)

Bagdahn et al.
[54]/02

Tension 1.54 11.8 20 µm wide straight tension
1.27 10.1 50 µm wide straight tension
2.69 7.5 20 µm wide hole tension
2.67 8.5 50 µm wide hole tension
2.83 9.6 20 µm wide notch tension
2.48 6.2 50 µm wide notch tension

Koskinen
et al.,
[53]/93

Tension of
fibers

176 ± 25 2.86 ± 0.28 Average grain diameter = 50 nm
164 ± 25 2.69 ± 0.30 Average grain diameter = 100 nm
164 ± 25 3.37 ± 0.29 Average grain diameter = 500 nm

Marxer et al.,
[56]/97

Tension 3.89 ± 0.53 7.5 Length = 200 µm, width = 2.8 µm.

Ballarini
et al.,
[58]/98

Notched
cantilever
beam

4.1 ± 0.5 10.8j B-Doped
4.9 ± 0.4 13.0j Undoped

aAverage strength of 54 specimens with varying sizes tested in tension. Fabricated at Cronos.
bPooled m for thin specimens as computed by the authors of this paper (see text for explanation).
cPooled m for thick specimens as computed by the authors of this paper (see text for explanation).
d E was measured using tensile specimens in a previous round robin study [23].
eStrength is obtained by multiplying E by the fracture strain.
fMean fracture strain.
gBased on theoretical analysis using elastic compliance constants.
hRange of mean E for all four processing techniques obtained experimentally using tensile testing.
iWeibull modulus computed using all tested specimens regardless of size, without the benefit of pooled Weibull analysis.
jComputed by the authors.

T ABL E I I Dimensions and number of tensile specimens tested [16]

6 µm wide 6 µm wide 20 µm wide 20 µm wide 600 µm wide
250 µm long 1 mm long 250 µm long 1 mm long 4 mm long

1.5 µm thick 3 3 4 2
2 µm thick 7 7 6 5
3.5 µm thick 2 4 2 2 7
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be estimated for a data set with only 2 data points using
the maximum likelihood method.

Even better results, as far as size effect is con-
cerned, were predicted for the thick specimens. The
Weibull parameters, m and σ0, for the pooled narrow
thick specimens and the individual wide thick spec-
imens were compared. The scale parameters for the
two sets are equivalent (2.8 and 2.9 GPa·µm3/m), while
the Weibull moduli are statistically equivalent within a
95% confidence interval. These findings tend to bolster
the argument that a size effect exists and can be mod-
eled using the Weibull theory. When similar Weibull
analysis based on surface area rather than volume was
conducted, similar results were obtained.

Tsuchiya et al. [11] tested tensile polysilicon spec-
imens using an electrostatic-force grip technique. The
test rig was constructed within a scanning electron
microscope (SEM) for in situ observation. Tensile spec-
imens with varying sizes were tested in order to statis-
tically study the strength, reliability, size effect, and
fracture behavior (location of failure). Non-doped and
doped specimens having widths of 2 and 5 microns,
and lengths of 30, 100, and 300 microns were tested.
All specimens had a thickness of 2 microns. Weibull sta-
tistical analysis performed on all 12 data sets yielded
Weibull moduli ranging between 5.3 and 6.9 for the
non-doped specimens, and 8.7 to 12.6 for the P-doped
ones. Low m indicates high degree of scatter in the
strength data, and vice versa. In addition, the strength
data displayed size dependence, where the strength de-
creased as the size of the specimen increased. Tsuchiya
et al. [11] found that the strength depended on the length
of the specimen, indicating that these specimens failed
due to edge flaws. This prediction was confirmed by
the SEM fractographic examination of the fracture sur-
faces of these thin tensile films. The specimens had
many small pits on the surface and notches at the up-
per corner, remnant from the fabrication process, which
caused fracture to initiate at these locations. Tsuchiya
correlated his results using the Weibull distribution with
very good agreement.

Ding et al. [23, 51] conducted similar tensile testing
of MEMS polysilicon tensile specimens with varying
sizes using a microtensile test device with magnetic-
solenoid force actuator. The lengths of the specimens
were 660, 300, and 100 µm. The widths of the speci-
mens were 200, 100, 80, 40, and 20 µm. All specimens
were 2.4 µm thick. Again, Ding et al. found the elastic
modulus to be independent of specimen size, while the
strength displayed significant scatter and size depen-
dence. Unlike the specimens tested by Tsuchiya et al.
where size dependence was primarily due to edge flaws
(length dependent), these specimens failed presumably
due to surface flaws since strength decreased as both
length and width increased.

Jones et al. [28] tested MEMS polysilicon cantilever
beams with mildly varying sizes. The test fixture had
the capability of testing several beams simultaneously,
which permits efficient testing of large number of spec-
imens. However, this testing technique does not al-
low direct determination of the stress at failure. In-
stead, the strain at failure was measured, from which

the corresponding stress at failure was computed. The
beams tested were fabricated in two different runs of
the Multi-User MEMS Processes (MUMPs). A total of
68 and 84 beams were fabricated for the MUMPs19
and MUMPs21 runs, respectively. The MUMPs19
specimens had width of 2.74 µm, thickness of 1.9 µm,
and lengths of 50, 60, and 70 µm. The MUMPs21
beams had widths of 2.83 micrometers, and the same
thickness and lengths as the MUMPs19 beams. The
Weibull moduli for the six different groups of speci-
mens tested ranged between 9.5 and 14.3, indicating
statistical scatter in strength, which warrants proba-
bilistic analysis. Because the range of specimen sizes
was small (ratio of small to large volume specimens =
0.71), Jones et al. observed no size effect, since such
an effect was most likely smaller than the scatter in the
data [28].

Greek et al. [21] were among the first to apply the
Weibull theory to predict the strength and reliability
of a complex MEMS structure (three-axis accelerome-
ter) using tensile film data. They tested thick and thin
films in tension, having thicknesses of 10 and 2 µm,
respectively. The widths and lengths of all specimens
were 10 and 1000 µm. The mean strength and Weibull
moduli for these specimen configurations are listed in
Table I. The testing was performed in situ within an
SEM using a micromanipulator (specimen pulled with
a probe arm) in order to locate the critical defects in
the material. Qualitative investigation of the fractured
regions showed cross sections with slanted flanks re-
sulting in a cross section that is trapezoidal. Sharpe
et al. [16] also made the same observation when he
tested polysilicon films. Greek et al. also conducted
TEM studies on the films and found the interior of the
films to be free from voids or microcracks. Therefore,
they assumed that cracking initiated from surface de-
fects, probably in the dry-etched sides, which showed
the highest surface roughness. This is important for re-
liability prediction since it indicates that surface flaws
were responsible for failure, and hence surface rather
than volume based Weibull analysis should be con-
ducted to predict the strength and reliability of the
accelerometers.

In their example, Greek et al. [21] transformed the
strength of the tensile specimens to predict the strength
of the most critical part of a three-axis accelerome-
ter. To measure lateral acceleration, an accelerometer
consists of a seismic mass attached to a frame with
four elastic beams. When accelerated, the mass will
exert a force on the beams, tending to bend each beam
as a cantilever. The force acting on each beam cor-
responded to 1000 g lateral acceleration. The beam
had dimensions of length = 300 µm, width = 4 µm,
and thicknesses equal to 2 and 10 µm. The maximum
stresses generated in the beams were computed to be
16 MPa, while the predicted mean fracture stresses for
the thick and thin beams were predicted using Weibull
analysis to be 1007 and 698 MPa, respectively. Unfor-
tunately, no actual strength data for the beams were
measured to be compared to the predictions. The ques-
tion whether such seamless extrapolation of Weibull
theory to the microsacle level without any modification
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for such things as localized source of failure, preferred
grain and crystallographic orientation, and grain size to
defect size ratio are yet to be answered.

In another study, Greek et al. [20] measured the elas-
tic modulus, strength, and Weibull modulus of thick
polysilicon films (10.5 µm) deposited using four differ-
ent processing schemes of doping and annealing, which
are known to influence the residual stress and stress gra-
dient state in polysilicon films [47, 52]. These process-
ing schemes yielded compressive residual stress values
ranging between 10 and 115 MPa. Tensile specimens
were tested in situ within a SEM. The elastic modu-
lus was computed in two ways. First it was calculated
theoretically using the elastic compliance constants for
polysilicon. By taking into account crystallographic
texture of polysilicon (obtained via TEM analysis to de-
termine grain growth orientation and X-ray diffraction
to determine the texture), the elastic modulus was com-
puted to be 162.7 GPa. Tensile testing yielded an elastic
modulus ranging between 160 and 167 GPa. These re-
sults indicated that both theoretical and experimental
values for E agree within the margin of error, and that
E was independent of the doping and annealing pro-
cess. On the other hand the mean strengths and Weibull
moduli did depend on the doping and annealing tech-
niques used in fabricating the specimens.

As can be observed from Table I, different strength
results are obtained by different investigators (generally
between 0.6 and 4.9 GPa). Such variations have been
explained in terms of microstructural differences, size
effects, and release processing [12]. In a recent study
conducted by LaVan et al. [12], the three investigators
in three different labs participated in a cross comparison
of direct tensile testing techniques. They attempted to
study the effect of testing technique and specimen size
on the strength and Weibull modulus of polysilicon.

Figure 5 Tensile strength versus the total surface area.

Two tensile testing techniques were used. The first em-
ploys an electrostatic force gripping mechanism (used
by Tsuchiya and Coles), while the second uses a pull-
tab tensile specimen (used by LaVan) [17]. The elec-
trostatically gripped specimens had sizes with lengths
ranging between 250 and 1000 µm, widths between 6
and 20 µm, and thickness equal to 2.5 µm (four differ-
ent sizes tested with surface area ranging between 4250
and 45000 µm2). The pull-tap specimens were signifi-
cantly smaller (to test for size effect) having thickness
of 2.5 µm, width of 1.8 µm, and lengths ranging from
15 to 1000 µm (surface area ranging between 135 and
9000 µm2).

The mean strengths obtained by Tsuchiya and Coles,
who used similar equipment, were within a standard
deviation, while the mean strength obtained by La-
Van was significantly higher. With regards to how the
Weibull moduli compared, the results are questionable.
The moduli were computed by combining all strength
data for each investigator, without regard to specimen
size. In order to correctly compute the Weibull param-
eters (m and σ0, where σ0 is the characteristic strength
normalized to unit area or volume) using strength data
of specimens with varying sizes, pooled Weibull anal-
ysis must be conducted. Hence, no conclusions regard-
ing the similarities or differences between the three
Weibull moduli in reference [12], and reproduced in
Table I, can be drawn. In general, results from each lab
did not show strong size effect even though specimen
sizes varied over roughly three orders of magnitude (for
both area and volume). Nevertheless, the short speci-
men data when used with Equation 4 managed to predict
the strength behavior of the longer specimens.

Fig. 5 is a plot summarizing the fracture strengths
published in six of the references stated above as a
function of total surface area of the tensile specimens.
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The trend toward decreasing fracture strength with
increasing specimen size is reasonably clear in the three
different polysilicons of references [10, 11, 16, 23].
The Sandia material of [12] is stronger and shows the
same general trend, albeit over a smaller size range. The
polysilicon of Greek et al. [21] is weaker and shows a
reversed trend.

Glass et al. [18] conducted extensive testing and
fractography using the Sandia pull-tab tensile speci-
men. In their study, they attempted to characterize the
strength distribution, source of failure, and size effect in
polysilicon thin film specimens. Two different genera-
tions of unnotched pull-tab specimens were tested. The
first generation specimens had nominal dimensions of
2 µm wide, 2.5 µm thick, and lengths varying between
15 and 1000 µm to test the effect of gage length on
strength. These specimens frequently failed outside the
gage length. Therefore, second generation specimens
were designed more robustly. Two types of second-
generation samples were tested, 98 samples made using
two conventional release processes and 50 samples that
had post-release coating of tungsten.

The first set of tests conducted by Glass et al. [18] was
done on a group of 48 first-generation samples, 25 with
25 µm long gage lengths, and 23 with 15 µm long gage
lengths. There was no apparent correlation between the
strength and the gage length as the 15 µm long sam-
ples had an average strength of 2.24 ± 0.37 GPa and the
25 µm long samples had a strength of 2.28 ± 0.39 GPa.
The overall average strength for the entire first genera-
tion strength was 2.24 ± 0.35 GPa with a Weibull mod-
ulus of 7. Similarly, strength results for both the con-
ventionally released and the coated tensile specimens
indicated no dependence on size effect even though the
length range for these specimens varied over almost
two orders of magnitude. Glass et al. [18] called this
behavior an anomaly, which they are currently study-
ing. They suspect that something in the sample fabri-
cation process caused more severe degradation of the
shorter specimens. On the other hand, Glass et al. found
the tensile strength of amorphous diamond to obey the
Weibull size effect because they found the strength to
scale with volume [19].

The issue of significant strength scatter for the
polysilicon specimens was further discussed by Glass
et al. [18]. They stated that because the failure origins
in their specimens were much smaller (14–44 nm) than
the size of the polysilicon grains (<0.5 µm), then the
orientation of the grain (which is a silicon single crystal)
in which the failure originates could affect the strength.
Since strength is a function of fracture toughness, which
varies depending on the crystallographic direction, then
this variability in toughness will also add to the scatter
in strength values.

Koskinen et al. [53] investigated the effect of grain
size on the strength and elastic modulus of polysili-
con (Table I). They performed tensile testing on fibers
fabricated from LPCVD films. They found the fibers
fabricated with 500 nm grains to be stronger than the
fibers made from smaller grains. They attributed that
behavior to better interface between the 500 nm grains
due to the annealing process.

3.2. Polysilicon strength and Weibull size
effect at stress concentrations

Mechanical design of MEMS requires the ability to
predict the strength of load-carrying components with
stress concentrations. Limited results show that fracture
strengths at stress concentrations are larger than would
be predicted based on stress concentration factors and
material strength. One usually thinks of stress concen-
trations as weak points in a mechanical structure, and
indeed the stress is highest there. However, an increase
in fracture stress is observed there in brittle materials
because the volume or area of the highly stressed region
is smaller. Knowing the variation of the strength with
size could be of great benefit to the MEMS community.

Bagdahn, Sharpe, and Jadaan [54] examined the
capability of Weibull statistics to predict such local-
ized strengths. Fracture loads were measured for three
shapes of polysilicon tensile specimens (1) with uni-
form cross-section, (2) with a central hole, and (3) with
symmetric double notches (Fig. 6). All specimens were
3.5 µm thick with gross widths of either 20 or 50 µm.
The holes and notches had radii of 2.5 µm. A total of
226 measurements were made to generate statistically
significant information. Local stresses were computed
at the stress concentrations, and the fracture stresses
there were approximately 90% larger than would be
predicted if there were no size effect. Bagdahn et al.
[54] found that the use of mean strength values with-
out accounting for size effects is inadequate in pre-
dicting the load-carrying capacity of components with
stress concentrations. For example, the mean strength
of 20 µm wide straight specimens was measured to be
1544 MPa. A 20 µm wide hole specimen has a stress
concentration factor of 3.23, which means it should
break at 1544/3.23 = 478 MPa. Instead, the average
breaking load was 831 MPa—almost a factor of two
larger.

This increase in strength was hypothized by Bagdahn
et al. [54] to be due to the local nature of stresses at the
notch roots resulting in reduced effective size and in
turn increased strength for the notched specimens. To
study the accuracy of this hypothesis, Bagdahn et al.
[54] used Weibull statistics to determine whether one
can predict the fracture strength of the four shapes
with stress concentrations from the strengths of straight

Figure 6 Schematic of the straight, hole, and notch specimens.
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specimens. NASA’s CARES/Life code [3] and FEA
simulation were used to determine the effective vol-
umes and areas of the notched specimens and used
these values in Equation 4 to predict their strengths
from straight specimens. It was determined that Weibull
statistics, taking into account specimen sizes and stress
distributions, managed to predict the notched and holed
specimen strengths to within ±9% of the fracture
strength of the smooth uniaxial tensile specimen con-
figuration. In performing this prediction using Equation
4, Bagdahn et al. had to decide what effective size to
use. The researchers investigated three effective sizes:
the effective volume, effective total surface area, and
effective side wall area on the accuracy of the strength
prediction. They found the four notched and holed pre-
dicted characteristic strengths to be within 51%, 28%,
and 9%, respectively of their measured characteristic
strengths. These results indicated that proper flaw anal-
ysis (volume or surface) based on fractography must
be used in order to obtain good strength and failure
probability predictions.

Fractography was used by Bagdahn et al. to justify
the accurate predictions using the side walls as the rel-
evant effective size quantity. Fig. 7 is a montage of typ-
ical fracture surfaces at two magnifications in the hole
and notch specimens. All of the failed hole and notch
specimens showed these features. Some straight spec-

Figure 7 Overview of the fracture surfaces of a hole specimen (a) and a notch specimen (c). Both are 20 µm wide. Magnified views of the locations
where failure initiated are shown on the right.

imens had pieces remaining that could be examined in
the SEM, and those showed essentially the same fea-
tures as in Fig. 7. The images in Fig. 7 show that the
sidewalls of the specimens are rough with peaks and
valleys in the thickness direction that are perpendicu-
lar to the loading direction. These will tend to reduce
the fracture strength of the material and cause fracture
there. This is the reason why using side wall area as
the effective size term was the proper choice, which in
turn yielded very good predictions. This study clearly
supports the hypothesis that the Weibull theory, when
properly used, could be extrapolated successfully to
predict the reliability and performance of brittle MEMS
structures.

3.3. Polysilicon delayed failure due to cyclic
fatigue and slow crack growth

Fatigue in ductile materials is generally attributed to
plasticity involving dislocation motion leading to crack
propagation. On the other hand, fatigue in brittle mate-
rials which lack plasticity have been ascribed to degra-
dation in the toughness of material in the wake of the
crack tip. According to Muhlstein et al. [55], neither of
these mechanisms appear to be active in silicon and sili-
con films at ambient temperatures. While no evidence to
date has been presented showing fatigue in bulk silicon,
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Figure 8 Stress-life (S/N) fatigue behavior of the 2 mm thick, polysil-
icon at 40 KHz in moist room air under fully reversed, tension-
compression loading [55].

fatigue failure in silicon films have been observed re-
peatedly [55, 56]. Muhlstein et al. [55] tested polysil-
icon notched cantilever beam films and found them to
display failure stresses of approximately half their fast
fracture strength after fatigue lives in excess of 1011

cycles. Fig. 8 obtained from reference [55] shows typi-
cal fatigue S-N curve behavior (stress amplitude versus
cycles to failure) for 2 µm thick polysilicon films when
tested at 40 KHz in moist room air under fully reversed
tension compression loading. In that study, the fatigue
mechanism was attributed to a process of sequential,
mechanically induced oxidation and environmentally
assisted cracking of the surface SiO2 material.

In another study, delayed failure was observed when
a REMO (light modulator) in an optical transceiver sys-
tem failed due to a combination of cyclic fatigue, high
voltage, and humidity [57]. The polysilicon actuator
included a free-standing membrane that deforms due
to electrostatic forces. FEA analysis predicted max-
imum applied stress of 0.13 GPa due to the applied
loading. Fractured tensile specimens (Table I) yielded
average strength of 3.89 GPa. As a result, Weibull based
fast fracture reliability analysis conducted by Marxer
et al. predicted essentially no failure. However, after
one week of cyclic loading and 80% humidity, the free-
standing membrane failed, and the fixed polysilicon
electrode delaminated.

In another time-dependent experimental study,
Brown et al. [56] addressed the issue of environmen-
tally assisted fatigue crack growth in polysilicon. They
designed a resonant device containing a notched can-
tilever beam connected to a wedge shaped mass acting
as a resonant mass. By measuring the change in natural
frequency (which depends on the stiffness of the struc-
ture, which in turn decreases as crack growth occurs)
the researchers could detect evidence of crack growth.
The tests were performed at 75% relative humidity at
room temperature. Plots showing normalized excitation
(ratio of excitation to fast fracture excitation) vs. cycles
to failure, displayed classic S-N fatigue type behavior.
Brown et al. argued that crack growth in polysilicon is
associated with humidity and attributed it to stress cor-
rosion of the native oxide at the surface of the specimen.

Another group of researchers showed that subcritical
crack growth due to fatigue loading can take place with

very little (and perhaps no) humidity [58]. Ballarini
et al. [58] in an attempt to measure the toughness and
subcritical crack growth behavior of polysilicon films
designed and fabricated a fracture mechanics specimen
that was fully integrated with an electrostatic actuator.
Their arrangement allowed the entire fracture exper-
iment to take place on-chip without the need for an
external loading mechanism. Fracture testing was con-
ducted under fast fracture and cyclic resonance loading.
The fracture specimen consisted of a notched cantilever
beam attached to a released actuator. FEA was used
to determine the stress intensity at the notch tip. Be-
cause the notch tip was blunt, hence not representing a
sharp crack tip necessary for actual fracture toughness
measurement, Ballarini et al. reported maximum prin-
cipal stresses (Table I) and critical J-integral values for
fracture.

Kapels, Aigner and Binder [59] developed a novel
thermal actuation test arrangement that permits both
monotonic loading and tension-tension fatigue testing.
The specimen, much smaller than the thermal actuator
(5 µm long × 0.7 µm wide and 4 µm thick), is fas-
tened to the substrate through a large anchor, which also
serves as a heat sink to keep the specimen from heating.
Cyclic heating of the arms at a rate of 1 Hz pulls the
specimen in tension-tension fatigue. Kapels et al. found
that failure due to fatigue loading in their polysilicon
specimens did take place. What is even more remark-
able is that these fatigue failures were detected within
one million cycles in contrast to the billion or more cy-
cles necessary to induce failure using the resonant test
methods.

The fatigue behavior of 3.5 µm thick and 50 µm
wide polysilicon tensile specimens (see Fig. 2) un-
der tension-tension cyclic loading was investigated
by Bagdahn and Sharpe [60]. It was shown, that the
strength of the samples decreased with increasing num-
ber of cycles (the tensile strength of 1.1 GPa for virgin
samples decreased by about 35% to a fatigue strength of
0.70 GPa after 109 cycles). No influence of frequency
on the number of cycles to failure in the range of 50 Hz
to 6000 Hz was observed by the investigators.

In order to assess the role of SCG in polysilicon,
Ballarini et al. [58] allowed the notched beams to res-
onate at subcritical stresses until fracture. Cyclic fatigue
results were plotted as S-N curves where S is the maxi-
mum tensile stress at the notch root, and N is the number
of cycles to fracture. Tests were conducted at room tem-
perature and 40% relative humidity. Significant scatter
existed in the data. However, it was apparent that fatigue
fracture could occur after as many as 10 billion cycles.
Results also indicated that fatigue crack initiation and
growth could take place in both air and low pressures
(tests conducted in vacuum chamber at 8 MPa), but the
process is faster in air because of stress corrosion due to
humidity. Van Arsdell [61] was yet another investigator
who detected environmentally assisted crack growth in
polysilicon MEMS devices.

3.4. Polysilicon fracture toughness
Fracture toughness of polysilicon has not been as exten-
sively investigated as the other mechanical properties.
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Jackson et al. [62] measured the fracture toughness
of polysilicon by introducing various sized corner
notches in tensile specimens using a focused ion beam.
Specimen gage widths were 1.8 or 3.8 µm, while
the notches were 100–500 nm long on a given side.
The tensile specimens were subsequently broken using
the Sandia National Lab nanomechanical testing sys-
tem with lateral force capabilities. Using SEM, Jackson
et al. measured the dimensions of the initial ellipti-
cal corner notch and computed the fracture toughness
using classical fracture mechanics theory. Two differ-
ent corner elliptical crack solutions were computed for
each test. Specimens survived intact showed fracture
surface details, including the initial notch, mirror, and
hackle regions. These were used to compute the frac-
ture toughness. As was found by Bagdahn et al. [54]
and shown in Fig. 7, the fracture surface markings for
these MEMS specimens were found to be similar to
those observed in bulk ceramics. The long specimens
(500 µm and 1000 µm long) shattered at failure and
did not survive to show any fracture surface mark-
ings. Results of eleven tests yielded average values of
1.58 ± 0.26 MPa·m1/2 for the elliptical crack analysis
and 1.68 MPa·m1/2 for the modified elliptical crack
analysis. Jackson et al. stated that these values could
be inflated by about 25% since in previous studies the
Sandia tensile test yielded 25% higher forces compared
to other researchers. At any rate, these values are in the
same range as those measured by Sharpe et al. [63]
of 1.4 MPa·m1/2, Kahn et al. [64] of 1.2 MPa·m1/2,
Ballarini et al. [65] of 1.0 MPa·m1/2, and Bagdahn et al.
[66] of 0.86 MPa·m1/2.

In the fracture toughness tests surveyed above except
[64–66], the notch roots introduced to the specimens
possessed finite dimensions. This is not in conformity
with fracture mechanics theory, which assumes the ex-
istence of sharp crack tip. More research is needed to
develop proper MEMS fracture mechanics specimens
if accurate determination of the fracture toughness pa-
rameter is to be determined.

3.5. Polysilicon high temperature properties
High temperature testing of MEMS remains a field sel-
dom studied where data is very sparse and hard to come
by. If MEMS devices are to be used in high tempera-
ture applications, then their mechanical properties at
such temperatures must be assessed. This is necessary
in order to design more reliable and durable MEMS
structures.

Few studies exist where the effect of temperature
on the elastic modulus, E , in MEMS was considered
[67–69]. Michalicek et al. [67] found E of polysilicon
to decrease from 163 GPa at room temperature to 158
GPa at 180◦C. Kahn et al. [68] measured E of an in-
plane microstructure heated resistively and found it to
decrease from 168 GPa at room temperature to 163 GPa
at 450◦C. Eby et al. [69], using two different tensile
specimen configurations (narrow and wide) found E to
decay from 160 GPa at room temperature to 149 GPa
at 250◦C.

Similarly, studies investigating the thermal expan-
sion coefficient (TEC) of polysilicon are rare [69]. Chae

et al. [70] measured the TEC for polysilicon to be
2.9 × 10−6/◦C, Wong et al. (private communication in
reference 60) found it to be 4 × 10−6/◦C, while Jensen
et al. [71] obtained a value of 4.4×10−6/◦C. Eby et al.
[69], measured the TEC to be 4.9 × 10−6/◦C on heat-
ing and 4.7 × 10−6/◦C on cooling using narrow tensile
specimens tested in free expansion. To check their re-
sults, Eby et al. tested the wide specimen using another
method (applying stress well below fracture, fixing the
grip ends, and heating the specimen) and still found the
TEC to be 4.7×10−6/◦C in cooling. Additionally, Eby
et al. measured Poisson’s ratio as a function of temper-
ature and found it to remain constant at 0.22 between
room temperature and 250◦C.

To assess the strength of polysilicon as a function of
temperature, Eby et al. [69] tested 16 narrow specimens
and one wide specimen in tension. They showed the
strength to remain constant between room temperature
and 250◦C. Significant scatter in strength values, as
expected, were observed.

The findings summarized above, including low
Weibull moduli and size dependence, indicate that
MEMS polysilicon devices tend to display similar prob-
abilistic behavior to that of bulk monolithic ceramics.
Therefore it would be prudent for the design of polysil-
icon MEMS devices to be based on probabilistic tech-
niques, similar to those used for bulk ceramics, in order
to reliably predict their short and long term behavior.
It is apparent that the MEMS community has already
adopted such approaches as evidenced by their exten-
sive use of Weibull statistics and probabilistic based
design to characterize the strength and reliability be-
havior of MEMS devices.

3.6. Delamination of bonded silicon
Delamination (debonding) is a recurring mode of fail-
ure in wafer-bonded MEMS. The fabrication of many
silicon micromechanical components, such as acceler-
ation sensors, gyroscopes, micropumps, or microvalves
frequently involves joining two or more wafers. Kohler
et al. [72] studied the mechanical reliability of bonded
silicon microsystems. They examined the fracture
strength and durability of a bond (interface layer) using
burst tests and Weibull statistics. The Weibull failure
probability approach for bonded interfaces provides a
method allowing differently sized and shaped devices to
be compared. They investigated the effect of annealing
temperature, length of bond edge (specimen shape), and
thermal and cyclic (vibrational) fatigue on the failure
probability of bonded interfaces. The interface quality
using the Weibull modulus, the mean fracture stress per
unit edge length, and the surface energy of the bond was
characterized. However, it needs to be pointed out that
in this study the stress component used to assess the
bond strength between the bonded films was the bend-
ing stress at the edge of a clamped plate, as derived
by Timoshenko [73], to describe the stress distribution
at the bond boundary. Instead, debonding should have
been characterized using peel stress (stress normal to
bond interface), shear stress, or a combination of the
two stress components similar to what was done in ref-
erence [74].
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Figure 9 Fracture toughness (average values and standard deviations derived from 52 measurements) as a function of the wafer bonding conditions
and annealing temperatures. The lower and upper boundary for single crystalline silicon relate to the fracture toughness values of the {111}- and
{100}-orientations [76].

In their tests, Kohler et al. [72] bonded two 100 mm
diameter silicon wafers having 525 µm thickness each.
These bonded pairs had a cavity in one wafer and a gas
inlet in the other. The tests were conducted by applying
gas pressure between the bonded wafers. The resulting
fracture probabilities were then correlated to annealing
temperatures and fatigue loading. In summary the fol-
lowing observations were made: (1) the strength, and
hence probability of survival, improved with the in-
crease in annealing temperature; (2) size effect charac-
terized by the decrease in bond strength as the length
of bonded edge between the two wafers increased was
found. The Weibull theory successfully predicted the
failure probability of the differently shaped and sized
specimens; and (3) the bond reliability (strength and
survival probability) degraded with both thermal cy-
cling and vibration. This is yet another MEMS failure
mode where crack growth and delayed failure should
be accounted for.

A method for measuring the fracture toughness of
wafer-bonded silicon was developed by Bagdahn et al.
[75] and Petzold et al. [76]. Their approach is based
on the well known Chevron test. The advantages of the
test are the self initiation of a sharp pre-crack during
the first stage of the test and that no crack length mea-
surement is necessary for the determination of the frac-
ture toughness. Since, the fabrication of the required
chevron structure can be integrated into the normal
fabrication flow of wafer-bonded devices the samples
can be easily produced and no additional preparation
like sawing is required before testing. It was shown by
these investigators that the fracture toughness strongly
depended on the pre-treatment of the surfaces before
bonding and the annealing temperature (Fig. 9).

Fatigue investigations of directly bonded silicon have
been performed by Bagdahn and Petzold [77]. They
found slow crack propagation to take place using a
modified double cantilever beam test in the bonded
interface. The slow crack growth is caused by stress
corrosion of siloxane bonds in the wafer-bonded inter-

Figure 10 Loading ratio (average load/maximum load during cycling)
for two different frequencies versus the cycles-to-failure (symbols: ex-
perimental results, lines: predictions) of directly bonded silicon [78].

face. It was shown that the crack growth rate depended
on the bonding parameter and the environmental condi-
tions during testing (water increases the crack growth
rate). Delayed failure was observed under both static
as well as cyclic long-term loading. Further investiga-
tions by the same authors [78] revealed that delayed
failure under static and cyclic loading (up to 40 Hz)
is solely controlled by stress corrosion in the bonded
interface. Therefore, life under cyclic loading depends
on the frequency (Fig. 10) but can be predicted based
on results from static crack growth measurements using
the approach by Evans and Fuller [79].

4. Mechanical behavior of single
crystal silicon

Single crystal silicon (SCS) material has a cubic crys-
tal structure and can be fabricated with very low lattice
defect densities. Silicon used for semi-conductor ap-
plications is fabricated using the Czochralski growth or
the floating zone methods with either p- or n-doping
[81]. Wafers with 〈100〉 and 〈111〉 crystal orientations
are most commonly used in the IC industry, while for
MEMS fabrication the 〈110〉 wafers are often used as
well.
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An important question regarding single crystal fail-
ure behavior is what determines the crystallographic
planes on which cleavage occurs? Shultz et al. [82]
wrote a review paper addressing that question. One
theory considered a correlation between preferential
cleavage planes and crystal growth planes. For ex-
ample, such correspondence exists for halite (NaCl)
structure on the {100} planes, and the {111} planes for
the fluorite (CaF2) structure. However, this correspon-
dence between the cleavage and crystal growth planes
was not found to be true for most other crystals and
hence judged not to be a valid criterion for cleavage.
Two other ideas attempting to provide cleavage crite-
ria were based on the concepts that cleavage planes
coincide with planes that bound a unit cell and the
most closely packed crystal planes. Again these crite-
ria were found to be valid for some crystal structures but
failed once applied to wider range of crystals. Hence
these concepts were also rejected as universal ideas
for cleavage planes. The three theories just stated are
based on correlating the cleavage planes to the crystal
structure.

Failure of the approaches stated above led to the con-
clusion that it is the properties of the crystal structure
rather than the crystal structure itself that should be
examined. Various crystal properties were examined
as possible cleavage criteria [82]. These concepts are
built on the notion that cleavage constitutes braking of
bonds between atoms and ions. Some of these theories
are:

• The bond density concept: states that the minimum
number of bonds per unit area determines the cleav-
age plane.

• The elastic modulus concept: since the elastic mod-
ulus is one physical property directly associated
with strength of bonds, it was also considered as
cleavage criteria. Stronger bonds should result in
higher elastic modulus perpendicular to the crystal
plane, and vice versa.

• The surface energy concept: states that the cleavage
plane is the plane of minimum surface energy.

The crystal properties based theories listed above suf-
fer from the same problem as the crystal structure based
concepts. Namely, they are not universal and sometimes
they fail to predict the cleavage planes for the simplest
cases. Shultz et al. [82] state that this outcome should
not be surprising given that the cleavage process is dy-
namic in nature, while all concepts listed above are
based on static or quasi-static approaches. Therefore,
if a cleavage criterion is to be applicable it should be
dynamic in nature. In addition, theoretical approaches
to predicting the cleavage planes proved fruitless, in-
dicating that these planes are to be determined experi-
mentally using a measured material parameter.

Fracture toughness (KIc) of the crystallographic
planes [82] (cleavage toughness) proved to be the most
appropriate criterion. Based on experimental data, the
cleavage plane was found to coincide with the crys-
tallographic plane having minimum KIc for ionic and
covalently bonded structures. For example, the frac-

ture toughnesses for single crystal silicon on the {100},
{110}, and {111} planes were measured to be 0.95,
0.9, and 0.82, respectively [83]. Accordingly, the well-
established cleavage plane {111} had the lowest KIc.
These measurements and predicted cleavage plane con-
cept were consistent with the experimental strength de-
terminations of Wilson and Beck [24]. They examined
the strength of silicon cantilever beams and found sig-
nificant variation in strength and dependence on orien-
tation. The strengths were found to be 3 GPa and 1 GPa
when fracture occurred on {110} and {111} planes,
respectively.

Stress calculation requires knowledge of the elastic
constants. For homogeneous isotropic materials these
parameters (E, ν) remain constant and do not vary
with orientation. However, for crystals these parameters
vary with orientation within a specific crystallographic
plane. Generalized equations describing how the elas-
tic modulus [84] and Poisson’s ratio [85] change with
orientation have been derived and numerically evalu-
ated for all possible directions within the important
{111}, {100}, and {110} planes. Brantly [85] showed
that for cubic crystals, elastic isotropic conditions (E
and ν remain constant) exist for all directions within the
{111} plane. This is a significant finding, since fracture
in single crystal silicon is often associated with {111}
plane, which is the lowest fracture energy cleavage
plane for silicon, as will be discussed later. Hence for
fracture stress analysis, it is reasonable to use isotropic
properties as long as failure is associated with the {111}
plane. K.-S. Chen et al. [86] conducted FEA analysis on
silicon biaxial flexure disks. They performed two types
of analyses: (1) elastically isotropic two dimensional
(axisymmetric) analysis, and (2) crystallographic cu-
bic three dimensional analysis. They determined that
the stress solutions, including peak stresses, for the
two solutions are always within 3%. Brantley [85] also
showed that the ratio E/(1 − ν), known as the biax-
ial modulus, is invariant for all directions within the
{100} planes, while for the {110} planes E, ν, and the
E/(1 − ν) vary with orientation. He computed E to
be 168.9 GPa for all directions within the {111} plane,
168.9 GPa and 130.2 GPa within the {100} plane in the
〈110〉 and 〈100〉 directions respectively, and 187.5 GPa
and 130.2 GPa within the {110} planes in the 〈111〉 and
〈100〉 directions respectively.

Tsakalakos [87] conducted theoretical and experi-
mental studies on the deformation of membranes in
the biaxial bulge test. The bulge test is one of the first
techniques developed for the study of thin films. Us-
ing this method, pressure is applied to a thin film that
has been clamped over a circular or square opening.
Tsakalakos derived expressions for the biaxial elastic
modulus Y [hkl](Y = E/(1 − ν) for isotropic mate-
rials) for the {100}, {110}, and {111} crystallographic
orientations in the plane of cubic crystal membranes.
The biaxial elastic modulus, Y , relates the stress, s, and
strain, e, at the center of the bulged diaphragm accord-
ing to s = Y [hkl]e. Y is measured, and subsequently
compared to the theoretical solution, for a given crys-
tallographic direction in the plane of the film using the
slope of the stress-strain curve of a bulge test.
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T ABL E I I I Weibull parameters for the bend specimens tested bay Namazu et al. [91].

Specimen Upper width w1 (µm) Lower width w2 (µm) Thickness t (µm) Length I (µm) Tip radius R (µm)

Nanometer scale A 0.2 0.37 0.255 6 <0.1
B 0.3 0.47 0.255 6
C 0.8 0.98 0.255 6

Micrometer scale D 4.75 7.5 1.91 35 1
E 48 74.5 19 360 10

Millimiter scale F 1045 1800 520 9850 200

Figure 11 Schematic diagram of bend test specimen [91].

4.1. SCS strength
Significant scatter in strength have been demonstrated
experimentally for SCS material. Hu [88] tested silicon
wafers with {100} and {111} orientations. The speci-
men configuration Hu tested consisted basically of a
5 mm diameter simply supported wafer pushed against
with a concentrated load (via a spherical ball) applied
at the center of the disk. Table III contains a summary
of Hu’s strength data. These results showed two main
points: (1) significant scatter in strength data exist, as
demonstrated by the standard deviations for both crys-
tallographic orientations, and (2) consistent with what
was stated earlier, wafers with {111} orientation exhib-
ited lower strength than the {100} wafers, albeit not
being statistically significant due to the large standard
deviations for both sets of data.

Early investigators had observed size effect in SCS.
They showed that silicon whiskers with small cross sec-
tions exhibited higher strengths than ones with larger
cross sections. For example, Eisner [89] measured the
strength of 1 µm diameter whiskers to be 3.5 GPa, while
for whiskers with 20 µm diameter Pearson et al. [90]
found the average strength to be 2.2 GPa.

One of the most significant studies regarding the size
effect on strength and probabilistic behavior of SCS
material was conducted by Namazu et al. [91]. In that
study, the investigators tested the strength and elastic
moduli of nanometer, micrometer, and millimeter scale
SCS bend specimens. The centrically loaded double
edge fixed beams (see Fig. 11) were oriented along
the 〈110〉 direction in the {100} plane. The beam di-
mensions are listed in Table III, which was obtained
from Namazu et al. [91]. Results indicated that the SCS
elastic modulus was independent of size (169 Gpa),
while the bending strength displayed significant sensi-
tivity to size. Fig. 12 shows the Weibull strength distri-
butions for the various beam configurations tested by
Namazu et al. As can be seen from the plot, the bending
strength increased as the size decreased from millime-
ter to nanometer scale dimensions. Namazu et al. [91]
stated that the average bending strength for the nanome-
ter scale beam with a width of 200 nm was found to be
17.5 GPa, which was 2.3 to 4.7 times greater than the
bending strength of the microsized beams, and 38 times

Figure 12 Weibull plots of bending strength distributions for the nano,
micro, and millimeter specimens [91].

greater than that for the millisized beams. They also
observed a reduction in the Weibull modulus (strength
scatter increased) as specimen sizes increased.

Wilson et al. [25] characterized the strength of SCS
by fracturing microcantilever beams etched into {100}
silicon wafers. Front sides (top surface of beam) were
etched using reactive ion etching (RIE), which pro-
duced smooth surfaces, while for the back sides (bottom
surface), anisotropic etching (KOH) was used yield-
ing rough surfaces. The beams were oriented so their
lengths were along the 〈110〉 direction. The beam di-
mensions are listed in Table IV. FEA was used to com-
pute the fracture stresses for the tested beams. This was
necessary in order to account for large beam deflections,
material anisotropy, and the nonideal support where the
beam joins the wafer. At the support, a 54.7◦ angle be-
tween the beam oriented along the {100} crystalline
plane and the {111} plane in the base of the wafer was
present. This geometry caused the stress at the fixed
end due to front loading (force pushing down) to be
lower than the stress due to back loading (force push-
ing up). Since the axial direction of the beam was along
the 〈110〉 direction, the lateral in-plane direction of the
beam was also along the 〈110〉 direction. The axis or-
thogonal to the plane of the beam was along the 〈100〉
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T ABL E IV Strength for SCS material

Average Wafer orientation/ Weibull
Reference/year Specimen strength (GPa) specimen direction modulus Comments

Hu [88]/82 Flexural plate 2.1 ± 0.8 {111} Simply supported circular wafer with 5 mm diameter.
3.0 ± 0.87 {100}

Namazu et al.
[91]/00

Beam 17.5 {100}/〈1110〉 62 Nano-beam A (see Table III & Fig. 12)
15.3 26.6 Nano-beam B (see Table III & Fig. 12)
11.6 16.8 Nano-beam C (see Table III & Fig. 12)

7.7 7.2 Micro-beam D (see Table III & Fig. 12)
3.7 4.2 Micro-beam E (see Table III & Fig. 12)
0.5 4.2 Milli-beam F (see Table III & Fig. 12)

Wilson et al.
[25]/95

Cantilever beam 3.6 ± 0.7 {100}/〈011〉a Front side of wafer (smooth surface). Dimensions:
350–750 × 200 × 16–30 µm.b

1.1 ± 0.2 {100}/〈011〉 Back side of wafer (rough surface). Dimensions:
350–750 × 200 × 16–30 µm.

Wilson and
Beck [24]/96

Cantilever beam 1.3 ± 0.3 {100}/〈011〉 Fracture surface along {111} plane. 103 specimens
failed accordingly.

2.3 ± 0.4 {100}/〈011〉 Fracture surface along {011} plane. 80 specimens
failed accordingly.

Johansson
et al. [26]/88

Cantilever beam 3.9 {100}/〈011〉 Majority of beams fractured in the 3–4.9 GPa range.

4.3 {100}/〈001〉 Majority of beams fractured in the 0–6 GPa range.
Ericson et al.
[27]/90

Cantilever beam 6.1 ± 0.8 {100}/〈001〉 10.1 Reference untreated specimens
4.1 ± 0.8 6.3 Polished (0.25 µm) specimens
7.2 ± 0.4 32.3 Polished and oxidized specimens
6.6 ± 0.9 8.1 Polished, oxidized and then stripped

Ando et al.
[22]/00

Tension 4.1 ± 0.9 〈011〉 3.6c Specimen dimensions: 50 × 50 × 5 µm.

Yi et al.
[93]/00

Tension 0.63 ± 0.07 〈011〉 13.4 Specimen etched using KOH
1.24 ± 0.3 5.4 Specimen etched using EDP
0.83 ± 0.3 3.6 Specimen etched using TMAH
1.01 ± 0.5 2.6 Specimen etched using XeF2

Schweitz et al.
[80]/99

Tension 1.73 〈001〉 5 Specimen dimensions are 250 and 1000 µm long,
and 10 × 10 µm2 cross section.

K.-S. Chen
et al. [86]/00

Biaxial flexure 1.2d {100} 2.7 Mechanically ground (A)
2.3d 3.4–4.2 Mechanically ground (B)
3.4d 7.2–12 KOH-etched
4.6d 3.3 STS DRIE

C. Chen et al.
[95]/85

Biaxial flexure 0.31 {100} 4.5 Circular wafers with diameter = 50 mm, thickness =
0.33 mm.

a{ijk} refers to type of Si wafer, while 〈ijk〉 refers to crystallographic orientation along the beam.
bBeam length varies between 350 and 750 µm, width = 200 µm, and thickness varies between 16 and 30 µm.
cCalculated by the authors using graphical strain data from reference [22].
dCharacteristic strength.

direction. Wilson et al. [25] incorporated this material
anisotropy in their FEA model by using the appropriate
elastic modulus, shear modulus, and Poisson’s ratio (see
Table V). In Table V, Wilson et al. derived E 〈110〉 by
calibrating the analytical FEA model to experimental
measurements, while the rest of the material constants
were based on theoretical calculations [85]. It is inter-
esting to note the correlation between the experimental
E 〈110〉 = 161 GPa as measured by Wilson et al. and
the corresponding theoretical value of 168.9 GPa as
computed by Brantley [85].

The resulting Wilson et al. strength data showed sig-
nificant scatter, consistent with brittle material behav-
ior. The front loaded beams, failing due to defects at the
top smooth surfaces, yielded strengths varying between
0.7 and 5 GPa, while the back loaded beams, failing due
to defects at the back rough surface, yielded strengths
varying between 0.7 and 1.5 GPa.

Fracture surface analysis performed on the beams in-
dicated that distinct differences in the surfaces existed
when beams fractured at the top surfaces as opposed
to the bottom. One expects that cleavage would take

place along the {111} planes having the lowest surface
energy. However, the loading geometry and boundary
conditions can cause secondary cleavage planes to
be activated [25]. In a subsequent study, Wilson and
Beck [24] investigated the issue of preferential frac-
ture planes in SCS. They tested the same microcan-
tilever beams discussed above with the exception that
they were side loaded. This was done to investigate
the effect of beam side roughness as well as the ori-
entation of initiating fracture planes. Fracture initiated
along either {111} or {110} planes and was observed
experimentally using SEM. In a few cases, fracture
starting along a given plane then shifted into another.
Comparison of the fracture types indicated that the
{110} strength was greater than that for the {111} plane
(Table IV); the difference in strength was attributed to
the location of fracture initiation. The {110} fracture,
for which the plane is perpendicular to the beam axial
direction, initiated in the beam’s maximum stress re-
gion, while the {111} fracture, which is inclined to the
beam’s axial direction, initiated at the bottom (back)
surface of the beam and then progressed along a {111}
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T ABL E V SCS elastic properties

Elastic Shear
modulus modulus Poisson

Reference Direction (GPa) (GPa) ratio

Brantley [85]/73a 〈100〉 130
〈110〉 169
〈111〉 187.5

Namazu et al. [91]/00 〈110〉 169.9b

167.9c

169.2d

Wilson et al. [25]/96 〈100〉 130 50 0.064
〈110〉 161 80 0.279

Sato et al. [92] /98e and 〈100〉 138 ± 11
Ando et al. [22]/00 〈110〉 140 ± 25

〈111〉 180 ± 20
Yi et al. [93]/00 〈110〉 169.2 ± 3.5
Schweitz et al. [80]/99 〈100〉 142 ± 9

aBased on theortical computations using material’s elastic constants.
bMeasured from force-deflection diagrams of nanometer scale beams.
cMeasured from force-deflection diagrams of micrometer scale beams.
dMeasured from force-deflection diagrams of millimeter scale
beams.
eValues read from bar graphs in reference [92].

plane in a region where smaller stresses are found. It
is concluded therefore, that the right combination of
stress magnitude and critical defects could cause frac-
ture to take place along secondary strong planes with
higher surface energies.

Other investigators have also attempted to character-
ize the strength of SCS material. Johansson et al. [26]
tested SCS cantilever beams. The beams had lengths
varying between 75 and 500 µm, widths between 75
and 240 µm, and thicknesses from 8 to 16 µm. The
beams were fabricated from {100} wafers and oriented
along the 〈100〉 and 〈110〉 directions. The correspond-
ing strength results are listed in Table IV. However,
these strength values are not accurate and should not
be used to characterize the strength of SCC because
Johansson et al. used classical mechanics of materials
theory for cantilever beams to compute the stresses.
This is inaccurate because large deflections (deflec-
tion to thickness ratio in the order of two and higher)
and material anisotropy exist for these beams. Never-
theless, the following findings can still be considered
qualitatively acceptable. First, the strength distribution
displays wide scatter behavior. And second, no size
effect based on width was detected [26]. It is unfortu-
nate that the authors did not study the size effect on
the basis of stressed specimen surface area, volume,
or edge length. The lack of size effect as reported by
Johansson et al. could very well be due to the small
variation in tested specimen widths (less than a factor
of 4).

Ericson and Schweitz [27] used Weibull statistics
to study the effects of processing techniques on the
strength of SCS cantilever beams exposed to vari-
ous surface treatments like diamond polishing, oxi-
dation, and stripping of the oxide layer. The beams
were oriented along the 〈110〉 direction in the plane
of {100} silicon wafer. The beam dimensions were
197 × 134 × 17 µm. Different grades were used to
polish the beams (0.25, 1, and 3 µm) and the strength

results for the unpolished (reference) beams as well
as the 0.25 µm polished beams are listed in Table IV.
Diamond polishing was found to degrade the strength
significantly. However, polishing followed by oxidation
not only restored that strength but actually improved it,
possibly due to crack healing. Polishing, oxidation, and
subsequently stripping the oxide layer yielded strengths
slightly less than the reference values. According to the
authors, the elevated strengths in this study compared
to others were due to improved processing techniques.

Fast fracture and cyclic fatigue testing was performed
on SCS tensile specimens oriented along the 〈110〉
crystallographic direction by Ando et al. [22]. The
straight portion of the film specimens had dimensions
of 50×50×5 µm. Ando et al. also measured the elastic
modulus along the 〈110〉 direction and found it to be
140 ± 25 GPa which is 17% less than that computed by
Brantley [85] using elastic constants (169 GPa). The
average fracture strain was measured at 3.4 ± 1.0%,
which corresponds to an average strength of 4.1 ±
0.9 GPa, indicating large strength scatter for SCS. In
a previous study, Sato et al. [92] measured the elastic
moduli (Table V) and fracture strains for SCS using
larger tensile specimens (400 µm long × 100 µm wide
× 20–30 µm thick) oriented along various crystallo-
graphic directions. The 〈100〉 and the 〈110〉 oriented
tensile specimens were fabricated from {100} wafers,
while the 〈111〉 oriented tensile specimens were fabri-
cated from {110} wafers. These measured elastic mod-
uli are compared to the 〈110〉 modulus measured by
Wilson et al. [25] and the theoretically computed value
as described by Brantley [85], and were found to be
within reasonable agreement. Sato et al. did not re-
port the fracture strengths for the tensile specimens, but
rather reported fracture strains. These fracture strains
were found to be small (0.4–2.3%) compared to the
specimens tested by Ando et al. (note that the Sato and
the Ando studies are performed by the same investiga-
tors), which could be related to size effect.

Yi et al. [93] used SCS microtensile specimens ori-
ented along the 〈110〉 direction to measure the elas-
tic modulus, and to study the effect of four different
etchants (KOH, EDP, TMAH, XeF2) on the strength
(Tables IV and V). Their tensile testing technique was
similar to that pioneered by Sharpe and described ear-
lier [16, 48, 49]. The specimen dimensions were 3–
5 µm thick, 20–100 µm wide, and 6 mm long. Yi et al.
measured E to be 169.2 ± 3.5 GPa, which is close to
the accepted value for the elastic modulus of macroscale
SCS (169 GPa). This is expected since E is independent
of size effect. The tensile strengths displayed signif-
icant dependence on the etching process, highlighting
the fact that fabrication techniques should be integrated
into the design process. These strength values are listed
in Table IV.

Probabilistic techniques have already been used to
design microscale devices. K.-S. Chen et al. [86, 94],
in their work to design a silicon micro-gas-turbine gen-
erator (microengine), stated that the scatter of strength
data measured in mechanical tests illustrated the need
to use a probabilistic design approach, probably based
on the Weibull statistics. The concept of microengines
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generating 50 W of electrical power in a package less
than 1 cm3 in volume is based on very high speed mov-
ing parts, hence inducing high tensile stresses. In or-
der to predict the reliability of such complex devices,
strength data obtained from testing specimens produced
via the same fabrication techniques and having com-
parable effective size as the microengine are needed.
K.-S. Chen et al. developed and tested microfabricated
biaxial flexure specimens for this purpose. The biaxial
flexure specimen consisted of a square plate (10 mm ×
10 mm, and 230–280 µm thick) that is simply supported
over a circular hole. The specimen is loaded centrally to
induce an axisymmetric biaxial stress state. K.-S. Chen
et al. were concerned about the effect of deep reactive
ion etching (DRIE) on the surface quality, and how the
surface roughness varied from one region to another
(for example, smooth disk surface versus rough transi-
tion region at the hub and blade roots). To character-
ize the local variation in surface quality and its effect
on strength reduction, K.-S. Chen et al. developed a
specimen configuration referred to as the radiused hub
flexure specimen [86].

An added complication to designing with single crys-
tal materials is how the material’s elastic properties,
strength, and fracture toughness vary with crystallo-
graphic orientation. For cubic crystal materials like
SCS, is it necessary to conduct anisotropic stress anal-
ysis or does isotropic stress analysis provide close
enough answers to warrant its use? To answer this ques-
tion, K.-S. Chen et al. performed two types of FEA sim-
ulations for SCS biaxial flexure specimen. The first type
modeled the specimen using 2-D axisymmetric analy-
sis assuming isotropic behavior with E = 170 GPa and
ν = 0.1, which are the equivalent isotropic material
constants for polycrystalline silicon. The second type
modeled the specimen using 3-D analysis and used the
anisotropic cubic elastic constants of SCS. Results indi-
cated that the stresses for the two models are within 3%.
Based on these results they justified using 2-D isotropic
analysis for SCS to model the stress state in the biaxial
flexure specimens.

In their study, K.-S. Chen et al. [86] found the Weibull
characteristic strength to range between 1.2 GPa for the
mechanically polished and 4.6 GPa for the DRIE SCS
biaxial flexure specimens. The Weibull moduli also var-
ied with the processing technique ranging between 3
and 12. Such low Weibull moduli values further support
the notion that MEMS design be based on probabilistic
techniques.

4.2. SCS delayed failure due to slow crack
growth and creep

Few studies exist in the literature regarding the delayed
failure behavior of SCS at room and high temperatures.
In general, various researchers have made contradictory
statements with some of them stating that SCG in SCS
material does not exist while others asserting that it
does.

C. Chen and Leipold [95] investigated the SCG
behavior and effect of proof testing in {100} SCS
wafers. They were interested in utilizing proof testing to

eliminate the weak parts from a given batch of wafers,
yet concerned about the effect of SCG on the remaining
strength of surviving parts. To evaluate these phenom-
ena they performed biaxial flexure strength testing on
chemically polished SCS wafers having 50 mm diame-
ters and 0.33 mm thicknesses. Dynamic fatigue testing
[96] was used to evaluate whether SCG exists in this
material. C. Chen and Leipold’s results indicated that at
room temperature, SCG did not exist, since no strength
degradation was detected as a function of stressing rate.
This supported the validity of proof testing since the
survived parts would not incur any damage during that
process.

T.-J. Chen and Knapp [97] conducted stress corro-
sion experiments on SCS bars that were precracked
with a Knoop indenter and statically tested in four-
point bending. Various liquids were used to wet the
surface of the beam, including water. The beams were
monitored for up to two weeks and no beams failed.
T.-J. Chen and Knapp, therefore, concluded that stress
corrosion cracking does not take place in SCS under
these conditions.

Wong and Holbrook [98] also conducted crack
growth testing on precracked and indented SCS wafers.
They measured the radial crack as a function of time
in both ambient air and deionized water. They found
that the crack did not grow. Hence, they concluded that
stress corrosion crack growth did not take place because
of the formation of a protective silica layer.

Conversely, Connaly and Brown [99] found that SCG
does occur in SCS at a very small but measurable rate.
They measured time-dependent crack growth in a pre-
cracked 75 µm long SCS cantilever beam that was ex-
cited at resonance. Crack growth changes the resonant
frequency of the beam, which was correlated to crack
length. Their apparatus had the capability of measur-
ing crack growth increments on the order of nanome-
ters over a period of weeks, translating into a crack
growth rate as slow as 10−15 m/s. This low rate ca-
pability is significantly more sensitive than other re-
searchers methods, allowing them to detect SCG where
others might not have been able. The final rate of
change in frequency correlated to a crack growth rate
of approximately 2 × 10−11 m/s. This rate might be
very slow for macroscopic components, but can lead
to speedy failures in microscopic devices. Connaly and
Brown indicated that the presence of water accelerates
or initiates crack propagation in SCS. They resonated
a structure in a dry air atmosphere for 1 week with-
out crack growth. However, upon testing in humidi-
fied air crack growth took place immediately. Bhaduri
and Wang [100] also observed crack growth behavior
in silicon that depended on stress intensity and was
many orders of magnitude higher than that measured
byConnaly and Brown. Their experiments, however,
involved much larger specimens.

Ando et al. [22] found SCS to be susceptible to cyclic
fatigue loading when stressed to levels near the aver-
age fracture strength. When the tensile specimens (de-
scribed earlier) where cyclically loaded at a stress ratio
of 0.1 in air, three specimens cycled with maximum
strains between 2.9 and 3.5% (average fracture strain =
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Figure 13 Stress-life curve of 20 µm thick SCS films [101].

3.4 ± 1.0%) survived over 1 × 106 cycles, and three
specimens cycled with maximum strains of 3.6 and
3.7% failed in less than 100000 cycles. These data indi-
cate that under high loads, cyclic fatigue can cause de-
layed fatigue failure in SCS in air at room temperature.

Fatigue tests on resonant SCS structures were per-
formed by Muhlstein et al. [101] at frequencies of
40 and 50 kHz. Fig. 13 shows the S-N plot for the
tested material. As can be seen from the plot, sig-
nificant fatigue behavior was detected in SCS, where
the fatigue strength degraded as the number of cycles
increased.

SCS has a low brittle-to-ductile transition temper-
ature (550◦C) which makes it susceptible to creep at
high temperature applications. For example, as has been
stated earlier, MIT is developing a micro-gas turbine
generator [86, 102, 103] to be fabricated from SCS.
During its operation, this microengine will be exposed
to creep deformation conditions in the stress range
(100–200 MPa) and temperature range (600–850◦C)
relevant to its application [104]. Walters and Spearing
[104] conducted a study to characterize the creep behav-
ior of SCS in support of the MIT microengine project.
They tested rectangular specimens under constant load-
ing, 50 mm × 9 mm, in 4-point bend configuration. The
beams were cut from 1 mm thick {100} SCS wafers, and
oriented along the 〈110〉 crystallographic direction. A

T ABL E VI Mechanical properties of silicon nitride

Elastic modulus Average strength Weibull
Reference/date Test (GPa) (GPa) modulus Comments

Coles et al. [106]/00 Tension 254 ± 3 6.41 ± 1.04 6.9 10 specimens tested. Specimens are 4 mm long ×
0.6 mm wide × 0.5 µm thick

Yoshioka et al. [108]/00 Tension 370 Specimens are 104 µm long × 46 µm wide ×
0.1 µm thick

Zhang et al. [109]/00 Bending 202.6 ± 15.8 12.26 ± 1.69 8 33 specimens tested. Residual stress =
291 ± 56 MPa.

Cardinale et al. [111]/92 Bulge test 86–125 0.39–0.42 Circular membrane specimen with 1 µm thickness
and 2 cm diameter.

Bromley et al. [112]/83 Bulge test 0.9 Circular membrane specimen with 1 µm thickness
and 1 cm diameter.

Nemeth et al. [113]/ 01 Bulge test 274 2.6 4.7 Square membrane with 1.06 mm width and 0.2 µm
thickness.

previous study by K.-S. Chen [105] investigated the
temperature dependence of strength along the 〈110〉 di-
rection. Walters and Spearing found the creep response
under the 4-point bending condition consisted of the
formation of creeping plastic hinges under the inner
loading points. This macroscopic observation was con-
sistent with the microscopic observation of increased
slip band densities along the {111} planes at the inner
load locations. They stated that this creep localization
could have significant impact on the design of MEMS
for high temperature applications.

5. Mechanical behavior of silicon nitride
(Si3N4)

Silicon nitride is used in the microelectronics indus-
try as a final protection layer because it is hard and
scratch resistant, and can act as a sodium and mois-
ture barrier. Currently, Si3N4 is being used to fabri-
cate diaphragms and membranes used in wear resistant
coating for tools, accelerometers, and pressure sensors.
Si3N4 based MEMS devices are also used in applica-
tions where high temperature and harsh environment
preclude the use of silicon-based sensors.

Few studies, in comparison with polysilicon and
SCS, have been carried out to characterize the mechani-
cal properties of silicon nitride thin films. For silicon ni-
tride thin films, the elastic modulus has been evaluated
most often (using several techniques like the bulge test,
tension, bending, and resonance), followed by strength,
and Poisson’s ratio.

Coles et al. [106] used the Johns Hopkins tensile
test [107] to characterize the micromechanical proper-
ties of Si3N4 films. To fabricate the tensile specimens,
which were 4 mm long × 0.6 mm wide × 0.5 µm
thick, the Si3N4 films were deposited on silicon wafers
by LPCVD. Subsequently these films were patterned
to form tensile specimens suspended across an opening
in the supporting silicon substrate. Results from these
tensile tests are listed in Table VI, with a measured
Poisson’s value of 0.23 ± 0.02. The Weibull modulus
was measured to be 6.9, indicating significant scatter in
strength and again pointing to the necessity of adopting
probabilistic design methods.

Yoshioka et al. [108] tested the same on chip tensile
specimen configuration used by Ando and Sato [22, 92]
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to measure the elastic modulus and fracture strain for
Si3N4 thin films. To fabricate the specimens, they de-
posited a 0.1 µm thick LPCVD Si3N4 film on a {100}
silicon wafer having a 0.1 mm thick layer of oxide on
top to serve as an inter-layer. Through a series of etching
steps, the tensile specimen was released and prepared
for testing. They determined the elastic modulus to be
370 GPa and the average fracture strain to be 3.8%.
Both values seem to be large.

Another test configuration used to study the mechani-
cal properties of microdevices is the bending specimen.
Zhang et al. [109] tested Si3N4 film beams (referred
to as microbridges by Zhang et al.) deposited on sili-
con wafers. These beams, which can be thought of as
double-cantilevered beams, had dimensions of 60 µm
long and 0.8 µm thick. These researchers modeled the
specimen configuration taking into account the flexi-
bility of the wafer substrate, the residual stresses, and
Young’s modulus using FEA. They determined that tak-
ing into account the flexibility of the substrate was es-
sential for proper computation of the elastic modulus
(otherwise E would be undervalued by about 24–28%)
and the residual stresses (otherwise would be overval-
ued by 13–38%). The strengths were computed using
a closed form formula derived by Zhang et al. and ver-
ified via FEA.

The bulge test is one of the first techniques de-
veloped for the study of thin films [110]. Using this
method, pressure is applied to a thin film that has
been clamped over a circular or square opening. By
observing the deformation and pressure at which the
film bursts, Young’s Modulus, Poisson’s ratio, residual
stress, and fracture stress can be computed. Cardinale
et al. [111] used the bulge test to study the biaxial
modulus (E/(1 − ν)), fracture strength, and residual
stress in silicon nitride films. These films were de-
posited by plasma-enhanced chemical vapor deposi-
tion (PECVD) on {100} gallium arsenide substrates.
The circular bulge membranes that Cardinale et al.
[111] tested had 1 µm thickness and 2 cm diameter,
and were pressurized to failure. Their stress-strain di-
agrams were used to compute the biaxial modulus and
residual stresses, while the fracture stress was com-
puted using a closed form solution. Two different film
chemical compositions were studied (Table VI). The
average strength for the nitrogen-rich composition was
found to be 420 MPa, while that for the silicon-rich
composition was 390 MPa. These strengths are very
low when compared to values obtained by other inves-
tigators. Cardinale et al. acknowledged this observation
by comparing the strength values they measured to that
obtained by Bromley et al. [112] for silicon nitride films
deposited on {100} silicon wafers. Bromley et al. found
the strength of 1 µm thick and 1 cm diameter circular
silicon nitride membranes to be 900 MPa. Cardinale
et al. attributed this difference in strength to size effect
since their specimens were larger than the specimens
tested by Bromley et al. However, it is highly doubtful
that the entire strength difference can be attributed to
size effect since the size difference between the two
specimen configurations (diameters of 1 cm vs. 2 cm)
is small. For example, using a Weibull modulus of 7, it

takes a size ratio (A1/A2) of 350 to entirely explain the
strength reduction.

Nemeth et al. [113] characterized the probabilistic
fracture strength behavior of square amorphous Si3N4
thin pressurized diaphragms. They used the NASA
CARES/Life brittle material design code to compute
the Weibull parameters for these films. Diaphragm burst
test data supplied by Mitchell [32] were used for this
purpose. The effect of load and geometric variation
(pressure, length, and thickness) from one tested film
to the other on the stochastic nature of the strength dis-
tribution was taken into account by performing differ-
ent finite element stress analyses (FEA) for the various
membranes. Fig. 14 shows a quarter model displaying
the FEA mesh for the MEMS bulge specimen, which
had an average width of 1.06 ± 0.030 mm and thick-
ness of 0.20 µm. The FEA stress analysis incorporated
the effects due to large deflection (membrane effect)
and residual stresses. The two-parameter Weibull dis-
tribution, shown in Fig. 15, was used to characterize
the strength distribution for these films. This character-
ization yielded the Weibull parameters for the silicon
nitride material. The CARES/Life program was used to
further characterize the Weibull behavior for this mate-
rial on a per unit area basis by using fracture mechanics
based multiaxial failure criteria. This was a necessary
step, which enables extrapolation of experimental data
to other conditions of loading, stress state, and device
geometry. Otherwise, the information reported herein
only pertains to the precise conditions of the experiment
and cannot be used to design other thin film devices.
Knowing the Weibull parameters on a per-unit-area ba-
sis for a given material enables the design of MEMS
devices using that material for a specific level of failure
probability. As can be seen from Table IV, the Weibull
modulus was computed to be 4.7, which is low, indi-
cating significant scatter in strength values.

Figure 14 Quarter model showing the FEA mesh for the MEMS
pressure sensor.

Figure 15 Weibull plot of amorphous Si3N4 films [113].
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6. Mechanical behavior of silicon
carbide (SiC)

The increasing demand for sensors to operate in harsh
environments and at temperatures beyond 300◦C, has
led to interest in fabricating MEMS using SiC. The
SiC material is desired for MEMS applications because
it can be used in high temperature electronic devices
including sensors for smart engines, and on-chip sig-
nal conditioning for high temperature sensors and ac-
tuators. SiC MEMS devices also possess outstanding
mechanical properties such as high strength, enhanced
durability, and wear resistance, which are desirable in
applications such as SiC coated mechanical contacts
and microfabricated bearings. During the last decade,
great progress has been made in fabricating single and
polycrystalline SiC films on silicon substrates.

Single crystal wafers of SiC are not suitable for
MEMS, as conventional micromachining of these
wafers is not yet possible [114]. However, recent de-
velopments of epitaxial and CVD growth of SiC single
crystal layers (mostly cubic phase, 3C-SiC) on silicon
substrate are of more interest for MEMS [114, 115].
Single crystal SiC wafers are commercially available
up to 2 inches in diameter, and up to 50 µm in thick-
ness grown on various sizes of silicon substrates [32].

Interest in poly and amorphous SiC exists because
they can be processed at lower temperatures compared
to single crystal SiC, and because they can be deposited
on substrates other than SCS. Several fabrication meth-
ods exist for SiC. One of these methods was used by
Mitchell et al. [32] and Yamaguchi et al. [42], and in-
volves hot wall LPCVD at temperatures between 900–
1050◦C for polysilicon films on 3 and 4 inch silicon
wafers. Other fabrication techniques involve APCVD
of 3C-SiC polycrystalline films at 1000◦C on polysili-
con seed layers, and reactive sputtering process, which
grows SiC epiaxially on oxidized silicon, layers.

Both the single and poly SiC fabrication techniques
still use high temperature processing (>600◦C) [114]. It
has been demonstrated recently that amorphous SiC can
be deposited at lower temperatures (<400◦C), which
makes the processing technique more compatible with
IC fabrication. Many of the attractive properties of
SiC are still preserved despite the lower deposition
temperatures.

Table VII, which is obtained from the paper by Sarro
et al. [114], lists the applicability of the various mi-
cromachining techniques (bulk and surface microma-
chining) and the possibility of using these processes for
coating purposes as related to the type of SiC used (sin-
gle, poly, and amorphous SiC). It can be seen that bulk
micromachining can be used to fabricate devices made
from all three types. However, since single crystal SiC

T ABL E VII Applicability of manufacturing technique to various SiC
types [114]

Bulk Surface
SiC type micromachining micromachining Coating

Single crystalline Yes No No
Polycrystalline Yes Yes No
Amorphous Yes Yes Yes

films must be grown on single crystal silicon, surface
micromachining cannot be used. On the other hand sur-
face micromachining can be used with both poly and
amorphous SiC.

Many studies exist dealing with the elastic mod-
ulus, shear modulus, and biaxial modulus of SiC
films. Mitchell [32] in his thesis reviewed and tabu-
lated such parameters as the Young’s modulus (394–
457 GPa) and Poisson’s ratio for bulk polycrystalline
3C-SiC, Young’s modulus for bulk single crystal 3C-
SiC (580 GPa in the 〈111〉 direction), Young’s modulus
for polycrystalline 3C-SiC thin films (250–360 GPa),
Young’s modulus for single crystal 3C-SiC thin films
(295–694 GPa in the 〈100〉 direction), residual stresses
for polycrystalline SiC films (0–250 MPa) and single
crystal SiC films (0–274 MPa in the 〈100〉 direction). In
addition, Mitchell tabulated a review of the elastic con-
stants (compliances) and the corresponding calculated
biaxial moduli for single crystal 3C-SiC in the 〈100〉,
〈110〉, and 〈111〉 directions and found them to range be-
tween 286–366 GPa, 385–456 GPa, and 415–482 GPa,
respectively.

In this work, the review is focused on the strength of
SiC films. Very few studies exist in the open literature
dealing with the fracture properties of thin film 3C-SiC.
Nemeth et al. [113], using Mitchel’s data [32], charac-
terized the probabilistic fracture strength behavior of
square SiC bulge test diaphragms. Three recipes of sin-
gle crystal SiC (3C-SiC) films manufactured/deposited
differently, and one polycrystalline SiC film were char-
acterized. These materials and their respective manu-
facturing processes were [32]:

1. Single crystal 3C-SiC (recipes 1a & 1b): For this
recipe, the 3C-SiC film was grown at a rate of about
1 µm per hour at 1350◦C. The difference between
recipes 1a and 1b is due to the fact they were grown
in two different suseptors. The thicknesses and widths
for the films tested using these recipes ranged from
1.45 µm to 1.75 µm, and 1.04 mm to 1.15 mm, respec-
tively.

2. Single crystal 3C-SiC (recipe 2): This recipe is
identical to recipe 1, except that the SiC film growth rate
was doubled. In both recipes the crystallographic ori-
entations of both the silicon wafer and the SiC film are
identical. The thicknesses and widths for films grown
using this recipe ranged between 2.39 to 3.52 µm, and
0.995 to 1.088 mm, respectively.

3. MUSiC 1 polycrystalline SiC: If SiC growth is
conducted without a carbonization step, growth temper-
atures between 1050◦C and 1350◦C result in polycrys-
talline films with varying sized grain sizes. In this recipe
the carbonization step was skipped and a growth tem-
perature of 1050◦C was used. Thicknesses and widths
for films grown using this recipe ranged between 2.50
to 3.58 µm and 0.998 to 1.076 mm, respectively.

Following the SiC growth, the SiC surfaces were
polished to create a mirror finish. The backside of the
wafer was also polished to remove any polycrystalline
SiC growth during the growth process. For more in-
formation on the various materials and manufacturing
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T ABL E VII I Elastic Moduli, residual stresses and dimensions of SiC films studied in reference [113]

Material/data set Elastic modulus (GPa) Residual stress (MPa) Average width (mm) Average thickness (µm)

Recipe 1a 359 254 1.097 ± 0.041 1.60 ± 0.09
Recipe 1b 363 180 1.040 ± 0.033 1.64 ± 0.09
Recipe 2 350 120 1.049 ± 0.035 2.69 ± 0.17
Poly SiC 308 75 1.045 ± 0.038 2.86 ± 0.34

processes, reference [32] is to be consulted. The elastic
moduli, residual stresses, and average dimensions for
all the film materials are listed in Table VIII.

Nemeth et al. [113] used the NASA CARES/Life
brittle material design code to compute the Weibull pa-
rameters for these films. The effect of load and geo-
metric variation (pressure, length, and thickness) from
one tested film to the other on the stochastic nature
of the strength distribution was taken into account by
performing different finite element (FE) stress anal-
yses for the various films. Fig. 14, which was de-
scribed earlier in the silicon nitride review section,
shows a quarter model displaying the FEA mesh for
the MEMS bulge specimen. The FEA stress analysis
incorporated the effects due to large deflection (mem-
brane effect) and residual stresses. Figs 16 and 17 dis-
play the Weibull strength distributions for the three
single crystal SiC films, while Fig. 18 shows that for
polycrystalline SiC films, respectively. These charac-
terizations yield the Weibull parameters for the various
MEMS materials. These parameters are summarized in
Table IX.

Reference [113] showed how thin film strengths var-
ied from device to device. It was also shown that
device-to-device film thickness variations and suseptor-
to-suseptor (manufacturing) variations were significant
and must be considered in any analysis. A further ram-
ification of this work was to illustrate the need for

Figure 16 Weibull plot of single crystal SiC films (Recipes 1a (left) &
1b (right)) [113].

Figure 17 Weibull plot of single crystal SiC films (Recipe 2) [113].

Figure 18 Weibull plot of polycrystalline SiC films. Unbroken films are
denoted with the triangular points (stacked on the right) [113].

probabilistic based design practices. For a pressure sen-
sor to be designed to survive a pressure load at a spec-
ified level of reliability, the film thickness (device ge-
ometric variations) and material processing variations
must be taken into account as well as the scatter in
strength observed from device to device. The design
engineer needs to consider the joint probability of a
device having a given thickness, with processing vari-
ations, along with the probability the material will fail
due to the applied load on that device.

Windischmann [116] performed bulge testing on SiC
films deposited on polished 75 mm diameter 〈100〉 sili-
con wafers using plasma enhanced chemical vapor de-
position (PECVD). The free standing SiC films, up to
50 mm in diameter, were produced by back ethching
the silicon. For measuring the ultimate strength, mem-
branes 1.7–2.0 µm thick were epoxied to a fire-polished
glass cylinder with a 16 mm inside diameter. The mem-
branes had 70 MPa tensile residual stresses prior to
mounting. Windischmann used an approximate closed
form equation [29, 117] relating the deformation of the
circular membrane to the applied pressure. This equa-
tion assumes small enough deflections so that the de-
flected film maintains a spherical shape, biaxial stress
state uniform throughout the membrane (or at least as-
suming that the stress state in the central region of the
film dominates), and that various higher order geomet-
rical terms in the Taylor expansion series can be ne-
glected. Using this equation, Windischmann computed
the tensile strength to be 300 MPa. This is very low
compared to the values obtained by Nemeth et al. De-
pending on how the film was epoxied to the glass cylin-
ders, the boundary condition at the edge could range
anywhere from being simply supported to being fixed
end. If the bonding process maintained flexible (sim-
ply supported) conditions at the film’s edge then the
stress computation at the center of the film does re-
flect, approximately, the strength of SiC membranes.
However, if the boundary condition for the film is
closer to being fixed end than simply supported then the
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T ABL E IX Mechanical properties of silicon carbide

Reference/date Test Elastic modulus (GPa) Average strength (GPa) Weibull modulus Comments

Nemeth et al. [113]/01 Bulge test 359 3.3 19.8 Recipe 1a, 21 specimens tested.
363 4.1 22.5 Recipe 1b, 24 specimens tested.
350 2.6 7.4 Recipe 2, 24 specimens tested.
308 4.5 7.8 Poly SiC, 24 specimens tested.

Windischmann [116]/91 Bulge test 340–420a 0.3 Amorphous SiC
Jackson et al. [118]/02 Tension 410 ± 45 1.1 ± 0.5 2.5 3-C single crystal, tensile load

along 〈110〉 direction
430 0.5 ± 0.2 2.3 3-C polycrystalline

aBiaxial elastic modulus (E/(1 − v)).

highest stresses do not take place in the central region
but rather at the periphery of the membrane as was
found by Nemeth et al. [113] for the square membranes
using FEA. In that case the 300 MPa value reflects the
biaxial stress state at the central region of the film but
not the stress at the edge of the film where failure would
take place.

Recently, tensile testing of two grades of 3-C SiC was
conducted by Jackson et al. at Johns Hopkins university
[118]. One material, manufactured at Case Western Re-
serve University, was a single crystal film with a thick-
ness range of 0.5–1 µm. The second material, manufac-
tured at Massachusetts Institute of Technology, was a
polycrystalline material with a thickness of 20–40 µm.
The measured elastic moduli for both materials agreed
well with computed values based on anisotropic elastic
constants. Table IX summarizes the elastic constants,
strengths and Weibull moduli for these two materials.
The very low Weibull moduli measured for both of these
SiC materials (2.5 and 2.3) highlight their probabilis-
tic nature and again underscore the necessity of us-
ing probabilistic approaches when designing with these
materials.

Li and Bhushan [119] used microindentation test-
ing to measure the fracture toughness, elastic modulus
and hardness of single crystal 3C-SiC films. The films,
which were 3 µm thick, were deposited on 〈100〉 silicon
substrates using APCVD. The fracture toughness was
found to be 0.78 MPa·m1/2, the hardness 25 GPa, and
the elastic modulus 395 GPa. The fracture toughness of
the single crystal SiC is lower than that for bulk poly-
crystalline SiC (around 4 MPa·m 1/2) because no grain
boundaries are present to stop/deflect the propagation
of cracks.

7. Conclusions
7.1. Polysilicon
Evidence exists that a Weibull size effect and sig-
nificant scatter in strength are present in polysilicon
MicroElectroMechanical systems (MEMS), causing
them to behave similar to bulk ceramics. Weibull the-
ory was shown to be applicable at the MEMS size
scale (predicting strength of one component from that
of another taking into account size and stress distribu-
tion) as long as similar materials (fabrication process,
failure initiating flaws) were correlated. Polysilicon
MEMS devices should be designed using probabilis-
tic methods in order to reliably predict their short and
long term behavior. Strength distributions of MEMS

brittle materials (magnitude and scatter) are dependent
on the fabrication process (deposition, doping, anneal-
ing, etc.), while the elastic modulus is not. Experimental
evidence exists that delayed failure due to slow crack
growth (SCG) in MEMS polysilicon devices can occur
under both humid and dry condition. High temperature
testing of MEMS remains a field seldom studied where
data is very sparse and hard to come by. If MEMS de-
vices are to be used in high temperature applications,
then their mechanical properties in that thermal region
must be assessed. This is necessary in order to design
more reliable and durable MEMS structures.

7.2. Single crystal silicon
Single crystal silicon (SCS) exhibits significant scat-
ter in strength and varies with the crystallographic
orientation, and fabrication method of the material.
Strengths ranging anywhere between 0.31 and 7.2 GPa
were measured and reported by various investigators.
Very few studies were found in the published lit-
erature dealing with the Weibull size effect on the
strength of SCS. One exception was the study con-
ducted by Namazu et al. on nano, micro, and millimeter
sized bend specimens in which they found the bend-
ing strength to decrease appreciably as the specimen
size increased. In general, the literature survey indi-
cated that it is necessary to design probabilistically with
this material due to the significant scatter in its strength
distribution.

The elastic properties for nano, micro, and
macroscale SCS parts are equivalent and display no size
effect, as expected. This behavior is similar to that of
polycrystalline material. In the {111} crystallographic
plane, the SCS elastic properties are isotropic and hence
independent of orientation.

There is contradiction in the open literature whether
SCG and cyclic fatigue can take place in SCS. Some in-
vestigators detected no time dependent damage (either
SCG or fatigue) in SCS at room temperature, others
observed crack growth and failure under humid con-
ditions, while others found SCS to fail due to cyclic
fatigue at room temperature when subjected to high
stresses. The brittle-to-ductile transition temperature
for SCS is 550◦C, which makes creep an important
delayed failure mechanism at higher temperatures.

Very few studies were conducted at high tempera-
tures using microspecimens. More research is needed
to understand the SCG, fatigue, and creep phenomena
in SCS, at elevated temperatures.
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7.3. Silicon nitride
Silicon nitride exhibits significant scatter in strength
which varies with the fabrication method of the ma-
terial. Strengths ranging anywhere between 0.4 and
12.3 GPa were measured and reported by various in-
vestigators. Unfortunately, no studies were found in the
open literature that attempted to study the effect of spec-
imen size on the strength of silicon nitride (size effect).
Nevertheless, it is necessary to design probabilistically
with this material due to the significant scatter in its
strength distribution.

No studies were found in the open literature that
dealt with delayed failure behavior in silicon nitride
thin films. There is an obvious and urgent need to con-
duct such investigation if silicon nitride is to be used
reliably in MEMS applications.

7.4. Silicon carbide
Very few studies exist in the open literature that char-
acterize the strength and size effect behavior for silicon
carbide MEMS structures. However, two studies found
in the open literature suggest that significant scatter in
strength does exist in silicon carbide thin films. This
behavior indicates that probabilistic treatment is nec-
essary when analyzing and designing silicon carbide
MEMS devices.
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